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Abstract—The superplastic properties of a cold-rolled AlI-6Mg—0.3Sc alloy were studied at temperatures
between 450 and 560°C and strain rates between 107 and 10° s™'. The alloy was observed to exhibit super-
plasticity over wide temperature (475-520°C) and strain rate ranges (~107—10"" s7"). It was found that the
addition of Sc to Al-Mg alloys resulted in a uniform distribution of fine coherent Al;Sc precipitates which
effectively pinned subgrain and grain boundaries during static and dynamic recrystallization. In this paper,
the microstructural evolution during superplastic deformation was systematically examined using both opti-
cal and transmission electron microscopy. Based upon this microstructural examination, a mechanism is
proposed to explain the observed high strain rate superplasticity in the alloy. A model is also proposed
that describes grain boundary sliding accommodated by dislocations gliding across grains containing coher-

ent precipitates. © 1998 Acta Metallurgica Inc.

1. INTRODUCTION

There is now a great interest in developing highly-
formable Al alloys, and in particular Al-Mg based
alloys, for application leading to lightweight ve-
hicles. Significant efforts have been made to
improve the formability of Al-Mg alloys; Al-Mg is
a substitutional solid-solution alloy. At appropriate
temperatures and strain rates, this alloy undergoes
deformation by a solute-drag mechanism; this
mechanism is independent of grain size. The solute-
drag mechanism is associated with relatively high
strain-rate sensitivities of m = 0.33. These relatively
high values of m = 0.33 are expected to lead to ten-
sile elongations of ~300%. Examples of such large
elongations have, in fact, been experimentally
achieved in Al-Mg alloys [1,2]. These types of
elongations are close to those found in superplastic
materials. In fact, recent studies have demonstrated
the possibility of conducting superplastic-like form-
ing operations with AlI-Mg alloys by taking advan-
tage of the enhanced ductility developed during
solute-drag controlled deformation [3].

For some applications, however, higher ductilities
and faster strain rates than those achievable in
solute drag controlled alloys are often desirable.
For these cases, the ductilities and strain rates
accessible in fine-grained superplastic alloys are
required. Superplastic materials generally exhibit
high ductility without necking or rupture because of
the high strain-rate sensitivity, m = 0.5, inherent in
grain-boundary-sliding (GBS) process. The grain-
boundary-sliding mechanism in metals usually
requires a stable grain size of less than 10 um [4]. In

theory, two competing processes, GBS and dislo-
cation slip, can control deformation, as illustrated
in Fig. 1 in which the logarithm of the stress is
plotted as a function of the logarithm of the strain
rate. The two separate processes contributing to
GBS and slip are represented as straight lines. The
point of intersection (marked éspmax) represents the
maximum strain rate for superplastic flow for a
given set of microstructural conditions. As noted on
the figure, the principal equations for GBS (gov-
erned by grain-boundary diffusion) and for slip can
be written as equations (1) and (2),
respectively [4, 5]:

3 2
e ()G
3 8
(G

where égps and &g, are the strain rates for GBS and
slip, respectively; Agps and Ag are constants; b is
Burgers vector; d is the mean linear intercept grain
size; A is the minimum barrier spacing governing
slip creep (typically the interparticle spacing or the
grain size); Dy, is the grain-boundary diffusivity; Dy
is the lattice diffusivity; o is the stress; and E is the
dynamic, unrelaxed Young’s modulus. By refining
grain size it is possible both to make GBS more
facile and to inhibit the slip-creep process thereby
increasing the maximum strain rate for superplastic
flow. Such a change leads to an increase in the
maximum rate for superplastic flow from éspmax(i)
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Fig. 1. Two competing mechanisms of GBS and slip. If

the structural state is changes so that GBS is enhanced

and slip creep is made more difficult, as shown by the

dashed lines, the maximum strain rate for superplasticity
flow is increased from (i) to (ii).

to éspmax(il), as shown in Fig. 1 in which the dashed
lines represent a finer grain size condition than the
solid lines. Using this concept, Wang et al. [6,7]
have studied the microstructure and ductility of a
nanocrystalline (~0.2 um) Al-3%Mg alloy. The
alloy, despite having an initial grain size in the nan-
ometer range, exhibited only limited ductility
(<200%). The low ductility was attributed to an in-
ability to retain the ultrafine grain size during de-
formation; grain growth in this alloy was found to
be unusually fast even at a relatively low tempera-
ture (403 K). Thus, it could be of interest to find an
effective grain growth inhibitor for such alloys.
Scandium is the only alloying element to form an
equilibrated, thermally-stable, coherent L1, phase,
i.e. AlsSc, in aluminum (a phase that is analogous
to y" in Ni-based superalloys). The lattice mismatch
between Al;Sc and Al is only about 1.4%. As a
result, the AlsSc precipitate is unusually resistant to
coarsening. Despite the relatively low solubility of
Sc (~0.38 wt%) and, hence, the limited volume frac-
tion that is available of the Al3Sc phase, it produces
a significant strengthening effect. In fact, Al;Sc is
the most potent strengthener, on an equal atomic
fraction basis, known in Al-base systems [8]. The
Al3Sc precipitate is also very effective in stabilizing
substructure, thus allowing the use of strain-harden-
ing and grain-boundary strengthening to enhance
the strength of Al alloys. For example, Engler and
Tempus [9] demonstrated that Al;Sc precipitates are
extremely effective in retarding the onset of recrys-
tallization in an Al-5Mg—Mn alloy (Al 5182).
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Creep deformation behavior exhibiting a value of
n =3 (m = 0.33) can be readily found in coarse-
grained Al-Mg-based alloys [1,4, 10]. For example,
the commercial 5083 Al alloy is a Class I solid sol-
ution alloy that contains about 4.5% Mg and 0.5%
Mn and has a grain size of 25 um. Other examples
are the binary Al-Mg and Al-Sc alloys, and the
ternary Al-Mg—Sc alloys reported by Sawtell and
co-workers [11]. In their study, a tensile elongation
value for an Al-4Mg alloy was found to be about
200%, whereas it was about 1000% for an Al-
4Mg—0.5Sc alloy (at 400°C and at strain rates
between 10 and 1072s™'). The high elongation
was attributed to a uniform dispersion of fine Al;Sc
particles in the alloy which greatly refined its grain
size. However, the exact roles of AlsSc on the sub-
grain evolution, dislocation- and precipitate-grain
boundary interactions, were not clearly identified.
Also, the strain rate sensitivity value (~0.3-0.4) was
found to vary with strain rate and temperature, but
no mechanism was offered for the observed super-
plasticity.

Recently, we reported the observation of
extended ductility (~200%) in an Al-6Mg-0.3Sc
alloy (designated in the Former Soviet Union as Al
1570) in a thin foil form (0.09-mm thick) [12]. Since
tensile elongation is expected to be strongly sensi-
tive to surface defects on thin samples, we predicted
that the tensile elongation would be higher if the
sample was in a bulk form (e.g. 2-mm thick). The
purpose of this paper is to demonstrate the effec-
tiveness of Al;Sc in stabilizing substructure/struc-
ture and thereby producing superplasticity at high
strain rates in a bulk Al-6Mg—0.3Sc alloy.

2. EXPERIMENTS

The chemical composition (in wt%) of the alloy
used in the present study is Al-5.76Mg—0.32Sc—
0.3Mn—0.1Fe—0.2Si-0.1Zn. The alloy was initially
produced by ingot casting and was 390 mm in di-
ameter and 790 mm in length. The ingot was hom-
ogenized at 520°C for 24 h, isothermally forged
along its length to 380 mm at ~390°C and then
annealed at 320°C for 1 h. The annealed billet was
further sliced for cold rolling and the cold rolling
was conducted unidirectionally in parallel to the bil-
let long axis with a constant thickness reduction per
pass (0.5 mm) and with a total reduction of 80%
(16 passes). Tensile specimens were machined from
the final sheet (~2 mm).

Tensile tests were conducted in air at tempera-
tures between 450 and 560°C, and at strain rates
between 107* and 1s™', using a screw-driven
Instron machine equipped with a radiant furnace.
The variation of the target temperatures was con-
trolled to within +1°C. Both constant crosshead
speed and constant strain rate tests were conducted.
In addition, strain rate change tests were also per-
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formed to measure the strain rate sensitivity values
of the alloy.

Microstructures of both the grip and gage sec-
tions of tested specimens were examined using opti-
cal metallography and a JOEL-200CX transmission
electron microscope operated at 200 kV. TEM foils
were sliced from the specimens, and prepared by
twin-jet electropolishing in a solution of 60% etha-
nol, 35% butyl alcohol, and 5% perchloric acid at
15V and —10°C.

3. RESULTS

3.1. Mechanical properties

The true stress—true strain curves for the Al-
6Mg—0.3Sc alloy, tested at an initial strain rate of
1.4 x 1072 57! at different temperatures (475-540°C),
are shown in Fig. 2. At all temperatures there is an
immediate hardening upon loading, followed by an
apparent softening. No obvious steady-state flow
region was observed. Tensile elongations at over
800% (true strain>2.2) were found at all testing
temperatures. Tensile elongation as a function of
temperature (strain rate = 1.4 x 1072 s7!) is depicted
in Fig. 3. It is evident that there exists a wide tem-
perature range (475-520°C) within which the tensile
elongation is over 1000%. The elongation value
drops rapidly when the testing temperature is near
or above the solidus temperature of the alloy (i.e. >
> 550°C). Specifically, the elongation is only 20%
at 560°C. This dramatic reduction in ductility is as-
sociated with the presence of an excessive amount
of liquid phase, in particular at grain boundaries,
which causes grain boundary separation in test
samples under tension. In fact, a fractographic
study carried out on a sample fractured at 560°C
did indicate the presence of liquids on grain bound-
aries.

The tensile elongation is also noted to vary with
strain rate. Shown in Fig. 4(a) is the elongation
value of Al-6Mg—0.3Sc samples as a function of
strain rate at a testing temperature of 475°C. At
this temperature, the maximum elongation was

14
12
10

475°C  Al-6%Mg-0.3%Sc ]
500°C
<+«— 525°C

True stress, MPa

05 10 15 20
True strain

25

o N A~ O

0.0 3.0

Fig. 2. True stress—true strain curves for the Al-6Mg—
0.3Sc alloy tested at an initial strain rate of 1.4 x 10725~
over the temperature range 475-540°C.
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g. 3. Tensile elongation as a function of temperature
(strain rate = 1.4 x 1072s7h).

recorded at a strain rate of 1.4 x 1072s~'. Samples
superplastically deformed to different strains at
475°C are shown in Fig. 5. It is noted that the spe-
cimens deformed quite uniformly. It is particularly
pointed out that final necking of these tested
samples was not to a point, as is often observed in
Al-Mg  alloys  deformed by  solute-drag
mechanisms [13].

The logarithm of flow stress (at a fixed strain of
0.5) is plotted as a function of the logarithm of
strain rate in Fig. 6. The strain rate sensitivity
value, m, defined in the equation ¢ = k-&”, shown
in Fig. 4(b), varies with both temperature and strain
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Fig. 4. (a) The elongation value of Al-6Mg—0.3Sc alloy as
a function of strain rate at different temperatures.
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Fig. 5. A direct comparison of a superplastically deformed (1130%) Al-6Mg—0.3Sc sample with an
untested sample. Uniform deformation along the gage length is evident.

rate. The value of m exhibits a peak at a strain rate
of approximately 2 x 1072s™! and falls off on both
sides, especially in the high strain rate regime. This
result is consistent with the data shown in Fig. 4(a),
namely, high elongations correspond to high m
value. The m value as a function of testing tempera-
ture at the optimal strain rate of 2x1072s™' is
shown in Fig. 7. The maximum m value occurs at
temperatures of about 500-520°C. This result is
again consistent with the data shown in Fig. 3, i.e.
high m values result in high tensile elongations. In
general, a tensile elongation of over 1000% can be
readily obtained at a testing temperature of about
500°C (strain rate ~2 x 1072 s71).

The activation energy for superplastic defor-
mation, Q, in the Dorn equation:

t=A-(o/E)" - exp(=Q/RT) (©)

where R is the gas constant, and T is the absolute
temperature, can be calculated from Fig. 8. The
calculated activation energy for superplastic Al-
Mg—Sc is about 190 kJ/mol which is higher than
the activation energy measured for the diffusion of
Mg in Al (136 kJ/mol) during creep of Al-Mg
alloys [14].
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Fig. 6. The logarithm of flow stress (at a fixed strain of
0.5) as a function of the logarithm of strain rate.

3.2. Microstructure

To examine the microstructural evolution in the
alloy during superplastic deformation of Al-6Mg—
0.3Sc interrupted tests were systematically carried
out at the optimal strain rate of 1.4x 1072s™! and
at 475°C. TEM specimens were subsequently pre-
pared from samples deformed to strains of 22%,
110%, 230%, 570%, and 1130% (Fig. 5), respect-
ively.

The microstructure of the starting material is
shown in Fig. 8. This microstructure is typical of a
heavily-deformed metal, consisting of dislocation
cells of size ranging from 200 nm to as large as
1 um. Some subgrains exist but are rarely seen. The
presence of L1,—-AlsSc precipitates was also oc-
casionally detected in some areas, but the amount
was insignificant.

The microstructure of the sample deformed to
22%, as shown in Fig. 9(a), primarily consists of
grains (or subgrains) with misorientation angles less
than 4-5°. The diameter of these grains is estimated
to be ~3 um. It is noted that dislocation cells no
longer exist and the dislocation density is also
greatly reduced. However, significant amounts of
AlSc precipitates are present, as revealed in
Fig. 9(b). These precipitates are of spherical shape
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Fig. 7. Strain rate sensitivity as a function of temperature
for Al-6Mg-0.3Sc.
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Fig. 8. Microstructure of cold-rolled AlI-6Mg—0.3Sc alloy.

and extremely fine, ranging from 5 to 100 nm. A
straightforward XRD analysis confirms that they
are coherent with the Al matrix. Also noted in
Fig. 9(a) is the fact that these coherent Al3Sc pre-
cipitates are quite effective in pinning subgrain
boundaries.

After deforming to 110%, many low-angled
boundaries were converted into high-angled ones
(Fig. 10). Fine Al3Sc precipitates are found to be
very effective in pinning these high-angled grain
boundaries. The average diameter of these grains is
about 5 um. It is particularly pointed out that, in
addition to fine Al3Sc precipitates, Fe- and Mn-rich
coarse inclusions (~2-3 um in diameter) as indi-
cated in Fig. 10(b) were also observed and found to
reside at grain boundaries, indicating they also play

>F
vy

(a) e

1um

an important role in grain boundary pinning. At a
yet greater deformation of 230%, the grain bound-
aries were mainly high-angled and the grain size
became slightly larger (~4-5 ym) than in the 110%-
deformed sample. A prevalent feature in some grain
interiors is the precipitate—dislocation interaction,
as shown in Fig. 11. In the 570%-deformed sample,
grain boundaries are essentially high-angled. While
Al3Sc particles are still quite effective in pinning
grain boundaries, their density and size are notably
increased.

The microstructure of the 1130%-deformed
sample, shown in Fig. 12, consists of a fully recrys-
tallized microstructure in which nearly all grain
boundaries are high-angled. The average grain size
is approximately 8 um. From a superplasticity point

Fig. 9. (a) Microstructure of Al-6Mg—0.3Sc sample deformed to 22% at 475°C and at a strain rate of
1.4 x 1072 57! and (b) significant amounts of fine Al;Sc precipitates begin to appear.
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Fig. 10. Microstructure of deformed (110%) Al-6Mg—
0.3Sc alloy. Many low-angled boundaries have been con-
verted into high-angled ones.

Fig. 11. Al;Sc—dislocation interaction in Al-6Mg—0.3Sc
alloy during high temperature deformation.

of view, an 8-um grain size is still considered to be
fine for aluminum alloys. The retention of a fine
grain size is attributed to the presence of Al;Sc pre-
cipitates. However, the size of the Al;Sc particles in
the 1130%-deformed sample is noted to have
increased significantly. In actual fact, some coarse
(~0.15 pm) Al3Sc are now so large that the Al;Sc—

HIGH STRAIN RATE SUPERELASTICITY

1pm
12. Microstructure of the Al-6Mg—0.3Sc alloy
deformed 1130%.

Fig.

Al matrix interface is no longer coherent. In con-
trast to the deformed microstructure, the micro-
structure in the grip region is considerably different.
The microstructure from the grip region (represent-
ing a static anneal at 475°C for 45 min) is shown in
Fig. 13. Grains are noted to be elongated along the
sample direction (i.e., the original rolling direction)
and have a lateral dimension of about 4-5 um.
Each grain actually consists of many fine equiaxed
subgrains. The diameter of these subgrains is about
1 um and the misorientation angle measured from
the diffraction pattern shown in Fig. 13(b) is less
than 4°.

3.3. Cavitation and fracture

In the AI-6Mg—0.3Sc alloy, superplastic defor-
mation induces only limited cavitation. A series of
cross-sectional views from different areas in the
sample deformed to 1130% is shown in Fig. 14.
Discrete cavities can be observed, but no trans-
verse cavity interlinkage is found (Fig. 15). Most
of the cavities are observed to align in the stress
direction and form stringers, suggesting a mechan-
ism of plasticity-controlled cavity growth. This
result is similar to that observed in an Al-4%Mg—

Fig. 13. (a) Microstructure of Al-6Mg—0.3Sc statically annealed at 475°C for 45 min. (b) Diffraction
pattern showing that the misorientation angles between subgrains are small (<4°).
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0.2 mm

Fig. 14. Cross-sectional view from different locations of the sample deformed to 1130%. Limited cavita-
tion is observed.

0.5%Sc alloy [11]. Also, it is readily seen that the
areal fraction of cavities is low (~1%). It is
pointed out that most of the dark phases in Fig. 14
are in fact, impurity inclusions. Etched microstruc-
tures reveal that grains in the deformed area are
equiaxed and the grain size near the fracture tip is
about 7 um which is consistent with the TEM ob-
servation (Fig. 12). Optical metallography from
the grip region also confirms that grains are

elongated along the sample direction (i.e. the orig-
inal rolling direction).

The fracture surface of a superplastically-
deformed Al-6Mg-0.3Sc sample is shown in Fig. 16
(fracture strain = 1130%). It is an intergranular
fracture. There is no evidence of grain tearing, indi-
cating fracture was not controlled by macroscopic
neck instability, as often observed in coarse-grained
Al-Mg-based alloys [1,4, 10]. Again, it is noted that
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5 pm

Fig. 15. Discrete cavities are observed but no extensive cavity interlinkage is found.

grains are equiaxed, uniform, and with an average
size of about 7 um.

4. DISCUSSION

The recrystallization and thermomechanical beha-
vior of Al-6Mg—0.3Sc is somewhat similar to that
of the commercial Supral alloys (Al-Cu—Zr). For
example, static annealing of Supral alloys in the
temperature range of 450-500°C results in a stable
well-recovered subgrain structure [15]. Even anneal-
ing at 500°C only causes the subgrain size to
increase from 1.2 um to 1.5 um, with an average
boundary misorientation of about 5°. This is com-
parable with that observed in the present Al-6Mg—
0.3Sc alloy, namely, an average subgrain size of

Fig. 16. Fracture surface of the superplastically-deformed

Al-6Mg-0.3Sc  alloy is intergranular

strain = 1130%).

(fracture

about 1 yum and an average misorientation angle of
less than 4° were developed after annealing the
alloys at 475°C [Fig. 13(b)]. For Supral alloys the
grain stabilizer is fine Al;Zr, but in Al-6Mg—0.3Sc
the granstabilizer is fine Al;Sc precipitates. Both
Al;Zr and Al;Sc precipitates have an L1, structure
which is coherent with the Al matrix. The maxi-
mum solid solubilities of Sc and Zr in Al are esti-
mated to be 0.38 [11] and 0.15% [16] by weight,
respectively.

The fact that the microstructure of the deformed
region (Figs 10 and 12) consists of high-angled
grains, but the undeformed region (Fig. 13) con-
tains only low-angled subgrains, indicates that con-
current straining and annealing causes an increase
in boundary misorientation, i.e. continuous recrys-
tallization takes place. Additional evidence for the
occurrence of continuous recrystallization is found
in the plastic flow behavior of the Al-6Mg—0.3Sc
alloy deformed at a constant strain rate. As shown
in Fig. 2, the strain rate continuously decreases
during a constant crosshead speed test. Although
the starting strain rate was 107257, it is pointed
out that the true strain rate near the end of each
test shown in Fig. 2 is, in fact, only about 107357,
This decrease in strain rate can contribute to a cer-
tain degree to the apparent decrease in flow stress.
To investigate the true plastic flow in the alloy, con-
stant true strain rate tests were subsequently carried
out. The true stress—strain curves obtained at a con-
stant strain rate of 1.4 x 107 s™" and at three differ-
ent temperatures are depicted in Fig. 17. Dynamic
strain softening, which is typical of continuous
recrystallization, is readily observed in the figure. It
is noted that the Iess-pronounced softening
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Fig. 17. True stress—strain curves obtained at a constant strain rate of 1.4 x 1072s™" at three different
temperatures.

observed at 525°C is attributed to extensive grain
coarsening at that temperature. So, it is proposed
that the mechanism for superplasticity in the Al-
6Mg—0.3Sc alloy is continuous recrystallization.
Continuous recrystallization during superplastic
deformation has been observed in many aluminum
alloys [17-23]. However, it has not been reported in
Al-Mg based alloys [24]. In fact, Al 5083, which is
a commercial Al-Mg alloy, was not found to
deform by continuous recrystallization [25]. There
exist several mechanisms describing continuous
recrystallization [22,26,27]. In alloys which contain

a significant amount of coarse (~1 um), uniformly-
distributed, second-phase precipitates, continuous
recrystallization is initiated at heavy deformation
zones, e.g. at regions adjacent to the coarse precipi-
tates (also known as particle stimulated nucleation,
PSN [27]). A classical example is found in the Al-
Cu—Zr alloys (Supral) in which Al,Cu particles play
a major role in nucleating new grains [18]. In con-
trast, in alloys which do not contain coarse second-
phase precipitates, the mechanisms involve either
the rotation [17] or switching [26] of subgrains, or
both. Subgrain rotation, in turn, can result from

o 44

vy °

Fig. 18. The initial dislocation cells in cold rolled Al-6Mg—0.3Sc alloy quickly interact and annihilate
with each other during preheating and form stable subgrains.
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boundary sliding, or from dislocation slip on
selected sets of slip systems within each grain. This
leads to a gradual increase in the subgrain bound-
ary angle and eventually into high-angled bound-
aries.

There is only a limited amount of coarse Fe- and
Mn-rich precipitates [Fig. 10(b)] in the Al-6Mg—
0.3Sc alloy. Also, the distribution of these precipi-
tates was not uniform. The PSN mechanism is,
thus, not expected to operate. It appears that, in
the present case, continuous recrystallization can
occur only through subgrain evolution. As dis-
cussed earlier, the initial structure of the alloy con-
sists of dislocation cells (Fig. 8). During the preheat
in each test, dislocations in the cell wall quickly
interact and annihilate with each other; this leads to
the formation of stable subgrains, as schematically
illustrated in Fig. 18. Upon mechanical loading, dis-
locations with a favored Schmid factor begin to
move across subgrains on selected sets of slip sys-
tems, resulting in an increase in the sub-boundary
angle. These moving dislocations are expected to be
pinned by Al;Sc precipitates at the opposite sub-
boundary. As this process continues, subgrain
boundaries eventually convert to true high-angled
grain boundaries. It is pointed out that it is difficult
for this process to occur in other Al-Mg based
alloys because of the absence of an effective sub-
boundary pinning agent (i.e. Al;Sc in the present
case).

In the present Al-6Mg—0.3Sc alloy, the conver-
sion from subgrain boundary to true high-angled
grain boundary is believed to take place in the early
stage of deformation. Data from Fig. 19 (strain rate
sensitivity vs deformation strain) indicate that it
may occur at a strain <100%. Once high-angled
boundaries are formed, grains are readily able to
slide and grain boundary sliding begins to take over
as dominant the deformation process. Also, as a

()

HIGH STRAIN RATE SUPERELASTICITY

0.7 T T T T T
£ 06
2 L
g osf
(]
2
S 04F
f=
4
& o3}
Al-6%Mg-0.3%Sc
0.2 1 1 1 1 Il
0.0 0.5 1.0 1.5 2.0 2.5 3.0

True strain

Fig. 19. Strain rate sensitivity of Al-6Mg—0.3Sc as a func-
tion of deformation strain at different temperatures.

result of the presence of Al;Sc precipitates, grains
remain fine and stable throughout deformation.

The accommodation of grain boundary sliding is
usually associated with dislocation climb or glide,
depending upon which one is rate controlling. That
is,

Lo 1 @

éoverall éclimb é,glide

where é&ogveran 18 the overall deformation rate, and,
éclimb, and égige are dislocation climb and glide
rates, respectively. In Al-Mg alloys, as a result of
solute drag, intragranular dislocation glide has been
recognized as the rate controlling process [13].
Fukuyo et al. [28] have proposed a model for grain

boundary sliding accommodated by dislocation
glide and predicted:

. Dchem [ ©

Egbs.glide = Aglide Thz (E) )

where Dcherm is the chemical diffusivity, and Agjqgc is
a constant. According to the equation, the strain

(b)

WO

Fig. 20. Schematic illustration of particle shearing during dislocation glide through grains.
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rate is linearly proportional to applied stress. In the
model, the glide distance of dislocations was
assumed to be similar to the grain diameter, i.e.
there was no obstacle for gliding dislocations.
However, in the present alloy, there is a uniform
distribution of coherent Al3;Sc precipitates. These
precipitates can act as obstacles for gliding dislo-
cations but are readily shearable, as schematically
illustrated in Fig. 20. Now, let us consider the
shearing of Al;Sc precipitates by a gliding dislo-
cation.
The rate of dislocation glide, égjide, is:

. y
Eglide = ; (6)

where v is the glide velocity, and s is the glide dis-
tance which, in the present case, is the interparticle
spacing, A. As shown in Fig. 20, the mechanical
work (W) resulting from the dislocation glide is

W=q-) 7

where ¢ is the applied stress. The energy change,
AE, caused by the shearing of the Al3Sc particle, is
approximately

AE~21r-b -y )

where r is the radius of the precipitates, b is
Burgers vector, and ypy, is the Al3Sc—Al interfacial
energy. By combining equations (7) and (8), one
obtains

i:21rr~b~ypm

®
o

Inserting equation (9) into equation (6) and further
assuming that v = M-g, where M is the glide mobi-
lity, it is readily shown that

M o’ (10)

Eglide = b - Tom '
i.e. the deformation rate is proportional to the
stress raised to a second power. In other words, the
strain rate sensitivity value is 0.5. Interestingly, this
is the same value as that predicted for the case of
grain boundary sliding accommodated by the climb
of dislocations [equation (1)].

In summary, superplasticity resulting from grain
boundary sliding accommodated by dislocation
glide across grain with a uniform dispersion of
coherent precipitates can be described by the
equation:
égbs,glide = ZL : % : (72 (1 1)

b Yo,

1
= Bybs glide - (2) -’

where d is the grain size and u is the unit displace-
ment for grain boundary sliding. It is particularly

(12)
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noted that the observed m values are indeed cen-
tered around 0.5 (Fig. 19).

5. SUMMARY

The microstructure and mechanical properties of
a cold-rolled Al-6Mg—0.3Sc alloy have been charac-
terized. The alloy exhibited superplasticity at rela-
tively high strain rates (~1072s7!). At a strain rate
of 107257 there exists a wide temperature range
(475-520°C) within which the tensile elongation is
over 1000%. There also exists a wide strain rate
range (10-10"'s™!) within which the tensile
elongation is over 500%. The presence of Sc in the
alloy results in a uniform distribution of fine coher-
ent Al;Sc precipitates which effectively pin grain
and subgrain boundaries during static and continu-
ous recrystallization. As a result, the alloy retains
its fine grain size (~7 um), even after extensive
superplastic deformation (>1000%). During defor-
mation, dislocations with a high Schmid factor
move across subgrains but are trapped by subgrain
boundaries, as a result of the strong pinning of
Al;Sc. This process leads to the conversion of low-
angled subgrain boundaries to high-angled grain
boundaries and the subsequent grain boundary slid-
ing, which produces superplasticity. In the present
study, a model is also proposed to describe grain
boundary sliding accommodated by dislocation
glide across grains with a uniform distribution of
coherent precipitates. It is noted that Al-6Mg—
0.3Sc alloy is not susceptible to cavitation during
superplastic deformation.
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