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Abstract

This study investigates the mechanical properties of ternary Al(Sc,Zr) alloys containing 0.27–0.77 vol.% of Al3(Sc,Zr)
precipitates with an average radius�r� = 2�24 nm. Microhardness values at ambient temperature follow predictions
of the Orowan dislocation bypass mechanism, with a transition to the precipitate shearing mechanism predicted for
�r� larger than 2 nm. Addition of Zr to binary Al(Sc) alloys delays the onset and kinetics of over-aging at 350 and
375 °C, but has little influence on the magnitude of the peak microhardness. Creep deformation at 300°C is charac-
terized by a threshold stress, which increases with�r� in the range 2–9 nm, in agreement with prior results for binary
Al(Sc) alloys and a recently developed general climb model considering elastic interactions between dislocations and
coherent, misfitting precipitates. At constant�r� and precipitate volume fraction, Zr additions do not significantly
improve the creep resistance of Al(Sc) alloys.
 2003 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Precipitation-strengthened binary Al(Sc) alloys
are usable up to 300°C due to the presence of
elastically hard and coherent Al3Sc precipitates
that form with an L12-type crystal structure, a
small lattice parameter misfit with Al (1.34% at 24
°C), a high melting temperature of 1320°C, and a
maximum solid solubility of 0.23 at.% Sc at the
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eutectic temperature of 660°C [1–3]. The presence
of Al3Sc precipitates has been shown to increase
the creep resistance of coarse-grained binary
Al(Sc) alloys [4–7]. In particular, Marquis et al.
[5] examined the ambient- and elevated-tempera-
ture strengthening mechanisms of these alloys.
Among possible ternary alloying elements, Zr is
known to increase the strength as well as the
recrystallization resistance of Al(Sc) alloys by sub-
stitution of Sc for Zr to form Al3(Sc1�xZrx) precipi-
tates with decreased coarsening kinetics (in com-
parison to the coarsening kinetics of Al3Sc
precipitates)[8–11].

Zirconium decreases the lattice parameter of
Al3(Sc1�xZrx), as observed experimentally by Refs.
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[3,12]. By changing the Sc/Zr ratio, it is therefore
possible to tailor the lattice parameter mismatch
between the L12 precipitates and the Al matrix.
Relatively little research has been performed on the
mechanical properties and deformation mech-
anisms of Al(Sc,Zr) alloys. Zirconium additions
are known to increase the ambient temperature ten-
sile strength and recrystallization resistance of
Al(Sc) alloys [8,9,13,14]. Additions of Sc and Zr to
commercial 2618 (Al–Cu–Mg–Fe–Ni), 5083 (Al–
Mg–Mn), and 5754 (Al–Mg–Mn) aluminum alloys
have been shown to increase the tensile strength
over Zr-free alloys, an effect attributed to the pin-
ning of grain- and subgrain-boundaries by highly
stable Al3(Sc1�xZrx) precipitates [15–17].

A fine-grained Al–Zn–Mg–Sc–Zr alloy was
superplastically deformed at 420–500 °C to an
elongation of 570–760% [9,18]. After superplastic
deformation and aging (100 °C for 20 h followed
by 170 °C for 5 h), this alloy exhibited ultimate
tensile strengths (485–540 MPa) near those of the
undeformed alloy. Superplastic deformation was
also performed at 477 °C and a relatively high
strain rate of 2 × 10�3 s�1, utilizing a series of Al–
2.7 Mg–3.2 Zn–1.1 Cu (at.%) alloys with 0–0.2
at.% Sc and 0.006–0.04 at.% Zr [19]. The alloys
containing only Sc or Zr (but not both) did not
display superplastic behavior, which was attributed
to the low number density of precipitates in the Zr-
containing alloy and the low coarsening resistance
in the Sc-containing alloy. Simultaneous additions
of Sc and Zr, however, produced superplastic
alloys with elongations between 556 and 668%.
Finally, zirconium additions to polycrystalline
specimens of the Al3Sc intermetallic [20], forming
an Al3(Sc0.74Zr0.26) solid solution, were shown to
decrease the strain rate at a given stress by nearly
an order of magnitude as compared to binary
Al3Sc. The improved creep resistance was attri-
buted to solid-solution strengthening by Zr atoms,
which increases the stress necessary for dislo-
cation motion.

This article reports on the effects of Zr additions
to binary, hypoeutectic, coarse-grained Al(Sc)
alloys (the Al–Sc–Zr phase diagram is shown in
Ref. [11]) by examining their ambient temperature
mechanical properties (utilizing microhardness
measurements), their elevated-temperature mech-

anical properties (in the form of creep properties),
and correlating these results to their microstructure
(average precipitate radius and volume fraction).

2. Experimental methods

Six Al(Sc,Zr) alloys were produced by melting
Al–1.2 at.% Sc and Al–5.0 at.% Zr master alloys
with 99.99 at.% pure Al in air. After stirring at 720
°C, the melt was cast into a boron nitride coated
graphite mold resting on a large copper plate to
encourage directional solidification, which
occurred at an estimated rate of ~25 K s�1 [11].
All ingot mass densities were measured to be
99.90 ± 0.03% of the theoretical density by Archi-
medes’ method.

Table 1 lists the average composition of the
Al(Sc,Zr) alloys, determined by chemical mass
emission analysis (Galbraith Laboratories, Knox-
ville, TN and Luvak, Boylston, MA) from samples
located near the center of the ingot, and given in
the following as at.% unless otherwise noted. Also
listed in Table 1 are the Sc/Zr atomic ratios and
lattice parameter misfits (at 24 and 300 °C) of the
Al(Sc,Zr) alloys, calculated using lattice para-
meters of 0.40488 nm for Al [21] and 0.4103 nm
for Al3Sc [3]; a change in lattice parameter with
Zr addition in Al3(Sc,Zr) of 8.82 ± 2.95 × 10�5

nm at.%�1 [3]; and a thermal expansion strain
between 24 and 300 °C of 0.415% for Al3Sc [22]
and 0.699% for Al [23]. Heat treatments were per-
formed in air in resistively heated furnaces. Homo-
genization in the single-phase region was perfor-
med for the ternary alloys at 648 °C for 72 h, and
for the binary alloys at 640 °C for 24 h. After
homogenization, samples were water-quenched to
24 °C and aged, within the two-phase region to
produce Al3(Sc1�xZrx) precipitates, at temperatures
between 300 and 400 °C for times between 0.5 and
288 h (Table 2). Transmission electron microscopy
(TEM) samples were produced and analyzed for
precipitate radii according to the procedures given
in Refs. [10,11].

Creep specimens were machined from heat-
treated (homogenized at 648 °C for 72 h and aged
at 300 °C for 72 h) ingots into dog-bone shaped
tensile bars with a gauge length of 18 mm and a
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Table 1
Composition and lattice parameter misfit of alloys investigated

Alloy (at.%) Sc (wt.%) Zr (wt.%) Sc/Zr ratio Lattice parameter misfit, d
(%)

(at.%/at.%) (wt.%/wt.%) 24 °C 300 °C

Al–0.06 Sc–0.005 Zr 0.10 0.018 12 5.5 1.30 1.01
Al–0.07 Sc–0.011 Zr 0.10 0.036 6.4 2.8 1.26 0.98
Al–0.07 Sc–0.019 Zr 0.11 0.060 3.7 1.8 1.22 0.94
Al–0.09 Sc–0.047 Zr 0.15 0.16 1.9 0.94 1.15 0.87
Al–0.14 Sc–0.012 Zr 0.24 0.040 12 6.0 1.30 1.01
Al–0.16 Sc–0.010 Zr 0.27 0.030 16 9.0 1.31 1.02
Al–0.18 Sc 0.3 – – – 1.34 1.05

Table 2
Effect of composition and aging treatment upon precipitate volume fraction, VV, average precipitate radius, �r�, inter-precipitate
spacing, l, experimental threshold stress, sth, calculated Orowan stress, sor, and shearing stress, ssh. The error represents ±σ values

Alloy (at. %) Heat treatment VV (%)a �r� (nm) l (nm)c sth sor ssh

(MPa)b (MPa)d (MPa)e

Al–0.06 Sc–0.005 Zr 300 °C, 72 h 0.31 3.3 ± 0.2 76 ± 4 12 114 220
300 °C, 5 h + 350 °C, 0.27 5.9 ± 0.3 155 ± 8 18 68 248
48 h

Al–0.07 Sc–0.011 Zr 300 °C, 72 h 0.345 2.7 ± 0.1 62 ± 3 13 132 215
320 °C, 24 h 0.34 7.6 ± 0.4 176 ± 9 20 64 298

Al–0.07 Sc–0.019 Zr 300 °C, 72 h 0.38 2.3 ± 0.1 50 ± 3 14 153 213
350 °C, 72 h 0.37 8.7 ± 0.4 193 ± 10 20 60 320

Al–0.09 Sc–0.047 Zr 300 °C, 72 h 0.71 2.0 ± 0.1 31 ± 2 15 234 273
350 °C, 17 h 0.69 2.7 ± 0.1 43 ± 2 18 192 296
350 °C, 288 h 0.69 4.8 ± 0.2 76 ± 4 20 130 344
375 °C, 3 h 0.68 8.1 ± 0.4 129 ± 6 23 89 415

Al–0.14 Sc–0.012 Zr 300 °C, 72 h 0.74 2.4 ± 0.1 36 ± 2 17 214 307
300 °C, 72 h + 400 °C, 0.70 3.6 ± 0.2 56 ± 3 23 160 340
4.75 h

Al–0.16 Sc–0.01 Zr 300 °C, 72 h 0.77 3.0 ± 0.2 45 ± 2 20 190 338

a Calculated from thermodynamic data [24] at indicated temperature.
b Calculated from experimental data at 300 °C.
c Calculated from Eq. (5).
d Calculated from Eq. (4) at 300 °C.
e Calculated from Eqs. (1)–(3) at 300 °C.

gauge radius of 2 mm. Prior to testing, creep speci-
mens were re-homogenized and aged according to
the schedule in Table 2. Table 2 lists the precipitate
volume fractions, VV, calculated from the thermo-
dynamic data of Ref. [24]: three of the alloys have
the volume fraction VV = 0.33 ± 0.05%, and the
other three have higher volume fractions, VV =
0.73 ± 0.05%. Tensile creep testing was performed

in accordance with ASTM #E139 specifications.
Specimens were tested at 300 °C employing con-
stant loads in air in a three-zone resistively heated
furnace, with a temperature stability of ±1 °C, after
an 85 min soak at the test temperature. The speci-
men displacement was recorded through a linear
voltage displacement transducer (with 2.5 µm
resolution) connected to an extensometer, which
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was attached to the gauge length. During creep
tests, the strain and strain rate were continuously
monitored. At any given stress value, sufficient
time was allowed to establish a minimum creep
rate. After the minimum creep rate was found, the
load was changed (in most cases to a higher value)
and the primary and secondary creep rates were
again measured at the new stress value. The range
of stresses (10–35 MPa) and strain rates (2 ×
10�9–1 × 10�4 s�1) were selected to ensure that
creep deformation occurred by dislocation glide
and climb (power-law creep regime).

Vickers microhardness measurements were per-
formed on 1 × 1 × 0.3 cm3 samples from each
alloy, which were aged simultaneously to ensure
consistent results. A minimum of 20 hardness
measurements was performed on each sample, and
their statistical scatter determined the measurement
error. All of the experimental errors reported here
represent one standard deviation from the mean.

3. Results

3.1. Transmission electron microscopy

Directional solidification produces a coarse as-
cast grain size (0.7 ± 0.1 grain per mm�2), so that
grain-boundary strengthening at ambient tempera-
ture and grain-boundary creep at elevated tempera-
tures are negligible. Due to the casting procedure,
sub-grain boundaries are not observed in unde-
formed Al(Sc,Zr) TEM specimens. Fig. 1(a–d) are
representative TEM images of two Al(Sc,Zr)
alloys, which show the fine, coherent Al3(Sc1�xZrx)
precipitates that formed upon aging of the super-
saturated Al(Sc,Zr) solid solution. Fig. 1(a,b) dem-
onstrate the effect of aging time and temperature
on the average precipitate radius, �r�, and number
density, NV, for the smaller VV alloy Al–0.07 Sc–
0.011 Zr: aging at 300 °C for 72 h produces �r�
= 2.7 ± 0.1 nm (Fig. 1(a)) and aging at 320 °C for
24 h yields �r� = 7.6 ± 0.4 nm (Fig. 1(b)).

Fig. 1(c,d) exhibit similar trends, but for the Al–
0.09 Sc–0.047 Zr alloy with a larger VV: aging at
350 °C for 17 h produces �r� = 2.7 ± 0.1 nm (Fig.
1(c)) and aging at 375 °C for 3 h yields �r� =
8.1 ± 0.4 nm (Fig. 1(d)). Increasing the aging tem-

Fig. 1. Comparison of Al3(Sc1�xZrx) precipitates as observed
employing superlattice dark-field CTEM images (utilizing 1 0 0
superlattice reflections near the [1 0 0] zone axis) of: (a) a lower
VV alloy Al–0.07 Sc–0.011 Zr aged at 300 °C for 72 h and (b)
320 °C for 24 h; and (c) a higher VV alloy Al–0.09 Sc–0.047
Zr aged at 350 °C for 17 h and (d) 375 °C for 3 h.

perature by 20–25 K for both alloys nearly triples
�r�, despite a strong decrease in aging time. This
increase in �r� is associated with a decrease in NV.
A doubling of VV, however, from 0.35% for Al–
0.07 Sc–0.011 Zr to 0.69% for Al–0.09 Sc–0.047
Zr, increases NV by over a factor of 4—from
(9.0 ± 2.3) × 1021 m�3 to (4.0 ± 1.0) × 1022 m�3—
as illustrated in Fig. 1(a,c).

3.2. Microhardness

Microhardness vs. aging time curves of four
Al(Sc) and Al(Sc,Zr) alloys (Fig. 2) exhibit the
expected four regions of precipitation-strengthened
alloys: (1) incubation; (2) rapid increase in hard-
ness (under-aging); (3) plateau in hardness (peak-
aging); and (4) decrease in hardness (over-aging).
Fig. 2 demonstrates the variation in Vickers hard-
ness as a function of aging temperature for two
ternary alloys, Al–0.14 Sc–0.012 Zr (larger VV)
and Al–0.06 Sc–0.005 Zr (smaller VV), and their
equivalent binary alloys, Al–0.18 Sc and Al–0.07
Sc [5,25], respectively. At constant aging tempera-
ture, the incubation and under-aging times
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Fig. 2. Vickers microhardness (MPa) vs. aging time at: (a)
300 °C, (b) 350 °C, and (c) 375 °C for two ternary Al(Sc,Zr)
alloys and two corresponding binary Al(Sc) alloys. Data from
Refs. [5,25] are used for Al(Sc) alloys in (a) and (b).

increase, but the peak hardness decreases with
decreasing VV.

Aging at 300 °C, Fig. 2(a), produces peak hard-
ness values that remain constant for up to 144 h.
Thus, the mechanical properties of Al(Sc,Zr) alloys
are not expected to change significantly during the
creep experiments at 300 °C, which were shorter
than 120 h. The peak hardness of the ternary Al–
0.06 Sc–0.005 Zr alloy is substantially higher than
the binary Al–0.07 Sc alloy, while both alloys have
similar precipitate volume fractions (0.31% for Al–
0.06 Sc–0.005 Zr and 0.23% for Al–0.07 Sc [5]).
This difference can be attributed to the ternary
alloy containing smaller precipitates (�r� = 3.3
nm) than the binary alloy (�r� = 8.5 nm [5]) after
aging at 300 °C for 72 h.

The microhardness curves of the larger VV

alloys, Al–0.14 Sc–0.012 Zr and Al–0.18 Sc, dem-
onstrate that an increase in the aging temperature
(from 300 to 350 and 375 °C, Fig. 2(a–c)) results
in a decrease in the incubation time, duration of
under-aging, and peak hardness value and duration.
Zirconium additions increase the duration of peak
hardness when alloys are aged at 350 and 375 °C.
This is especially apparent at 375 °C (Fig. 2(c)),
where rapid over-aging of the Al–0.18 Sc alloy is
observed after less than 1 h, while the Al–0.14 Sc–
0.012 Zr alloy exhibits only a slight over-aging at
384 h.

Aging at 350 and 375 °C dramatically reduces
the strength of the smaller VV alloys, Al–0.06 Sc–
0.005 Zr and Al–0.07 Sc, as compared to aging at
300 °C; this is due to the large average radius of
the precipitates (�r� larger than 10 nm [10]), which
do not provide a significant contribution to alloy
strengthening. At all temperatures, the ternary
alloy has higher hardness values than the binary
alloy, which is due to the ternary alloy containing
smaller precipitates [10].

3.3. Creep properties

Creep behavior at 300 °C is illustrated in Fig. 3
for two smaller VV alloys (Al–0.06 Sc–0.005 Zr
and Al–0.07 Sc–0.019 Zr) and two larger VV alloys
(Al–0.09 Sc–0.047 Zr and Al–0.14 Sc-0.012 Zr),
all aged at 300 °C for 72 h. Creep resistance is
observed to increase with increasing VV at approxi-
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Fig. 3. Double logarithmic plot of minimum creep rate at 300
°C vs. applied stress, for Al(Sc,Zr) alloys with various precipi-
tate volume fractions Vv (given in %) and roughly constant pre-
cipitate radius �r� (given in nm). All alloys were aged at 300
°C for 72 h.

mately constant �r� (2.0–3.1 nm). In addition, the
stress exponents of the ternary alloys (slopes of
lines, n = 23–33 in Fig. 3) are much greater than
that of annealed Al (n = 4.4 [26]), indicating the
presence of a threshold stress. The threshold stress,
sth, is found by plotting the strain rate raised to
the power 1/4.4 as a function of stress, following
the procedure of Ref. [27]. Values for sth at 300
°C vary between 12 and 23 MPa (Table 2) for all
of the tested Al(Sc,Zr) alloys.

Creep testing of the larger VV (Al–0.09 Sc–0.047
Zr) alloy (Fig. 4) shows that an increase in creep
resistance is caused by an increase in �r� from 2.0
to 8.1 nm at approximately constant VV. The effect
of Zr additions on the creep resistance of Al(Sc)
alloys is further illustrated in Fig. 5, where the
creep behaviors of the ternary Al–0.14 Sc–0.012
Zr and Al–0.16 Sc–0.010 Zr alloys are compared
to the binary Al–0.18 Sc alloy [5]; all three alloys
have similar VV values. As also demonstrated for
the Al–0.09 Sc–0.047 Zr alloy in Fig. 4, the Al–
0.14 Sc–0.012 Zr and Al–0.18 Sc alloys exhibit an
increase in creep resistance with increasing �r�
from 2.4 to 3.6 nm for the ternary alloy and from

Fig. 4. Double logarithmic plot of minimum creep rate at 300
°C vs. applied stress for a higher Vv alloy (Al–0.09 Sc–0.047
Zr) with various precipitate radius �r� (given in nm).

Fig. 5. Double logarithmic plot of minimum creep rate at 300
°C vs. applied stress for the higher Vv alloys Al–0.14 Sc–0.012
Zr and Al–0.16 Sc–0.01 Zr and the corresponding binary Al–
0.18 Sc alloy with various precipitate radius �r� (given in nm).
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1.4 to 4.8 nm for the binary alloy. While the values
of �r� are not exactly the same for the binary and
ternary alloys Fig. 5, they are close enough that a
comparison of creep resistance among the three
alloys can be made. At the smallest precipitate
radius, the creep resistance of the Al–0.18 Sc alloy
(�r� = 1.4 ± 0.1 nm) is slightly smaller than that
of the Al–0.14 Sc–0.012 Zr alloy (�r� = 2.4 ±
0.1 nm). At the larger values of precipitate radii
(�r��3.0), the differences in stress sensitivity
(different slopes) and precipitate radii makes a
detailed comparison difficult, but the binary alloy
has approximately the same threshold stress as the
ternary alloys.

4. Discussion

4.1. Transmission electron microscopy

Zirconium additions decrease the rate of precipi-
tate coarsening as observed in Fig. 2 and reported
in Ref. [10], such that creep tests at 300 °C lasting
over a week can be performed on ternary Al(Sc,Zr)
alloys without significant precipitate coarsening.
High-resolution electron microscopy (HREM) of
the Al(Sc,Zr) alloys aged at 300 °C for 576 h show
Al3(Sc,Zr) precipitates to have facets parallel to the
{1 0 0} and {1 1 0} planes [10,11], which were
less well defined than in binary Al(Sc) [28].

4.2. Microhardness

Fig. 6 compares the increment in yield strength
as a function of �r�, measured in Ref. [10] for two
smaller VV alloys (Al–0.06 Sc–0.005 Zr and Al–
0.07 Sc–0.019 Zr) with similar precipitate volume
fractions, which do not significantly change
between 300 and 375 °C (Table 2). The increment
in yield strength was determined by subtracting the
as-homogenized hardness from the as-aged hard-
ness and dividing the result by 2.8, a conversion
factor valid for Al alloys [29], but not for pure
Al. Compressive yield strength measurements of
Al(Sc) alloys have shown this approximation to be
accurate in predicting alloy strengthening [5].
Experimentally, the maximum increment of
strength (�140 MPa) occurs at the lowest values

Fig. 6. Microhardness yield stress increment vs. average pre-
cipitate radius �r� for the lower Vv alloys: Al–0.06 Sc–0.005 Zr
(VV=0.27–0.31%) and Al–0.07 Sc–0.019 Zr (VV=0.37–0.38%).
The lines represent predictions of Eqs. (1)–(5) for VV=0.27
and 0.38%.

of �r� (ca. 2.5 nm) and decreases with increasing
�r�, as expected if the Orowan dislocation looping
mechanism is dominant. The same trends are dis-
played in Fig. 7 for two of the larger VV alloys
(Al–0.09 Sc–0.047 Zr and Al–0.14 Sc–0.012 Zr),
which have similar precipitate volume fractions
between 300 and 375 °C (Table 2). The precipi-
tates in these two larger Vv alloys coarsen at a
slower rate than the precipitates in the smaller VV

alloys shown in Fig. 6 [10], so the maximum
values of �r� are smaller (10.5 vs. 24 nm). A similar
behavior was observed for the increment in yield
strength of a binary Al–0.18 at.% Sc alloy [5] with
a maximum increment of strength �180 MPa at
�r� = 2�3 nm, decreasing monotonically with
increasing �r�, and therefore a similar discussion
applies, as outlined below.

Precipitate shearing, precipitate bypass by dislo-
cation looping, or a combination of these two
mechanisms can generally explain ambient tem-
perature strength in coarse-grained, non-strain-
hardened, precipitation-strengthened alloys [30].
Deformation by dislocation shearing is expected to
occur at small �r� and three mechanisms have been
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Fig. 7. Microhardness yield stress increment vs. average pre-
cipitate radius �r� for the higher Vv alloys: Al–0.09 Sc–0.047
Zr (VV=0.68–0.71%) and Al–0.14 Sc–0.12 Zr (VV=0.70–
0.74%). The lines represent predictions of Eqs. (1)–(5) for
VV=0.68 and 0.74%.

postulated to explain this process: (i) modulus
hardening; (ii) coherency strengthening; and (iii)
order strengthening. The strength increment due to
modulus strengthening, �sms, is caused by the mis-
match between the shear moduli of the precipitate
and matrix phases and is given by [30]:

�sms (1)

� M0.0055(�G)3/2�2VV

Gb2�1/2

b��r�
b �(3m/2)�1

;

where M = 3.06 is the matrix orientation factor
[31], G is the shear modulus of Al (25.4 GPa at
24 °C [26]), �G is the modulus mismatch between
Al and the Al3(Sc,Zr) precipitates (assumed to
have the same stiffness, 68 GPa, as Al3Sc [32]), b
is the magnitude of the Burgers vector of Al (0.286
nm [26]), and m = 0.85 is a constant [30].

Coherency strengthening is due to strain–field
interactions between a coherent precipitate and a
dislocation. The strength increment due to coher-
ency strengthening, �scs, is given by [30]:

�scs � cM(eG)3/2� �r�VV

0.18Gb�1/2

; (2)

where c = 2.6 is a constant [30], e is the lattice
parameter misfit, e�(2 /3)d, with d = �a /a as the
ambient temperature lattice parameter misfit
(Table 1).

Finally, order strengthening is due to the forma-
tion of an antiphase boundary (APB), which occurs
when a matrix dislocation shears an ordered pre-
cipitate. The strength increment due to order
strengthening, �sos, is given by [30]:

�sos � M0.81
gapb

2b �3πVV

8 �1/2

; (3)

where gapb is the APB energy of the precipitate
phase (assumed to be equal to the average value
for Al3Sc, 0.5 J m�2 [33,34]).

Alternatively, precipitate bypass can occur
through the Orowan mechanism by dislocation
looping around the precipitates. The corresponding
Orowan stress, �sor, is [35]:

�sor � M
0.4Gb

πl
ln(2r̄ /b)

�1�n
; (4)

where n = 0.345 is Poisson’s ratio of Al [31], r̄
= √2/3 �r� is the mean radius of a circular cross-
section in a random plane for a spherical precipi-
tate [35], and l is the inter-precipitate spacing. The
latter parameter is calculated assuming that spheri-
cal precipitates are arranged on a cubic grid (which
is a valid simplification for the small VV values in
this study) [36]:

l � 2r̄�� π
4VV

�1	. (5)

Utilizing Eqs. (1)–(5), the ambient temperature
yield stress increment due to the presence of
Al3(Sc,Zr) precipitates is calculated, as shown in
Figs. 6 and 7. The calculated predictions are com-
pared to the experimental data for the ternary
Al(Sc,Zr) alloys.

As suggested in Ref. [5], the increment in
strengthening due to shearing of precipitates is
taken as the larger of (a) the sum of modulus
strengthening and coherency strengthening
(sms+scs), or (b) the order strengthening, sos. This
is because these two mechanisms (a,b) are sequen-
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tial, the former occurring before the dislocation
shears the precipitate and the latter during shear-
ing. Because the shearing and bypassing mech-
anisms are in parallel, strengthening is given by
the smallest of these strengthening modes. Fig. 6
thus predicts that �sos is dominant for �r� less than
0.5 nm, (�sms+�scs) for �r� between 0.5 and 2.0
nm, and �sor for �r� larger than 2.0 nm. All alloys
have �r� larger than 2.0 nm and their strength is
thus predicted to be controlled by the Orowan
mechanism. Fig. 6 shows good quantitative agree-
ment between experimental data and the �sor value
predicted by Eq. (4) for the present range of VV

values, as also observed for Al–0.18 at.% Sc in
Ref. [5]. Fig. 7 indicates that the same prediction
(Orowan bypassing is the controlling mechanism
for �r� larger than 2.0 nm) applies to the larger VV

alloys (Al–0.09 Sc–0.047 Zr and Al–0.14 Sc–0.012
Zr), and the experimental data is again in good
quantitative agreement with this prediction. Figs. 6
and 7 indicate that significant increases in strength
can be achieved by a small decrease in �r� to the
optimal value of 2.0 nm, which is achievable
through aging treatments below 300 °C.

Compared to the binary Al(Sc) alloy, ternary
alloying additions can affect the lattice parameter
misfit, the APB energy, and the elastic modulus,
thus changing �sms, �scs, and �sos. Zirconium
additions should slightly decrease �scs by decreas-
ing the lattice parameter misfit (Table 1). Zir-
conium is, however, not expected to have a sig-
nificant effect on the modulus of the precipitate
phase, so the value of �sms should not change. The
value of �sos is expected to increase due to an
increase in the APB energy of the precipitate
phase, as indicated by an increase in the creep
resistance of Al3(Sc0.74Zr0.26) with respect to Al3Sc
[20]. Literature values for the APB energy of
Al3(Sc,Zr) do not exist, however, so the degree of
the increase in the ordering contribution cannot be
assessed. The combination of these three shearing
mechanisms indicates that Zr additions should
slightly increase the total increment of shearing, so
the calculated curves shown in Figs. 6 and 7 should
be considered as lower bounds. However, �sor is
unaffected by Zr additions, and all of the experi-
mental data is in the regime �r� � 2.0 nm, where
the Orowan mechanism is controlling.

4.3. Creep properties

When deformation is controlled by dislocation
climb, the creep behavior of precipitation- or dis-
persion-strengthened materials follows a power-
law equation generally represented by:

ė � Aapsnapexp��Qap

RT �; (6)

where ė is the strain rate, Aap is a constant, s is
the applied stress, nap is the apparent stress
exponent, Qap is the apparent activation energy,
and R and T have their usual significance. When
the apparent stress exponent is much higher than
that of the matrix (i.e. nap�10), an athermal thres-
hold stress, sth, is assumed, below which creep is
not measurable in the laboratory [37]. This leads
to a modified power-law equation:

ė � A[s�sth]nexp��Q
RT �; (7)

where A is a constant, n is the matrix stress
exponent, and Q is the matrix creep activation
energy, which is usually equal to the activation
energy for volume self-diffusion. The rationale for
the existence of a threshold stress is that matrix
dislocations require some minimum amount of
energy through the applied stress to bypass the
second-phase precipitates [38].

Large threshold stresses are typically associated
with incoherent dispersoids or precipitates [37–41].
Threshold stress behavior has been, however,
observed in two alloys containing coherent L12

precipitates as in the present Al(Sc,Zr) alloys: a
rapidly solidified Al–V–Zr alloy tested at 425 °C,
containing Al3(Zr,V) precipitates (VV=5.0%, �r��
5 nm) [42], and in binary Al(Sc) alloys tested at
300 °C, containing Al3Sc precipitates (VV=0.24–
0.71%, �r� = 1.4�9.6 nm) [5].

The threshold stress is due to dislocations
bypassing precipitates by shearing them or climb-
ing over them. If shearing is the operating thres-
hold stress mechanism in the Al(Sc,Zr) alloys, sth

must equal to ssh, where ssh is taken as the larger
of (sms+scs) or sos, as discussed in Section 4.2.
Table 2 shows the calculated values of ssh at 300
°C to be much greater than the experimental values
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of sth (by a factor 15–18), thus shearing cannot be
the operating mechanism.

In climb-controlled bypass, the threshold stress
is due to an increase in the line length of dislo-
cations during the climb process [38]. The accepted
mechanism by which dislocations change their line
length is general climb, sgen:

sgen � 0.8�sor; (8)

where � is a function of the particle volume frac-
tion, as given by McLean [39]. In general climb,
dislocations experience a small increase in dislo-
cation length in order for the dislocation to climb
over precipitates, which leads to small threshold
stress values on the order of 0.02sor.

An increase in the creep resistance with an
increase in VV, as shown in Fig. 3, is anticipated,
because, as VV increases, the inter-precipitate dis-
tance decreases (Eq. (5)), which produces an
increase in the Orowan and threshold stresses (Eqs.
(4) and (8)). An increase in the creep resistance
with an increase in �r� (Figs. 4 and 5) is, however,
contrary to the predictions of Eqs. (4) and (8). Such
an increase was also observed for binary Al(Sc)
alloys [5] and is discussed here along the same
lines.

Determination of the operating climb mech-
anism is accomplished by utilizing Eqs. (4) and (5)
to determine the inter-precipitate spacing, l, and
sor (Table 2), which are compared to the measured
sth displayed in Table 2. From Table 2, a plot of
sth/sor (normalized threshold stress) as a function
of �r� is produced (Fig. 8). The normalized thres-
hold stress removes the dependency on VV, so the
data for all ternary alloys can be plotted on the
same graph. For comparison, the creep threshold
data for the binary Al–0.07 Sc, Al–0.12 Sc, and
Al–0.18 Sc (at.%) alloys [5] are also plotted in Fig.
8. The experimental values of normalized threshold
stress are observed to increase with increasing
�r�, which does not follow the radius-independent
prediction of the general climb model, Eq. (8).

The �r� dependence of the normalized threshold
stress in Al(Sc,Zr) alloys can be compared to a
model recently developed for creep of alloys con-
taining coherent precipitates [43], whose predic-
tions are shown by the solid curves in Fig. 8. This
model assumes that dislocations are subjected to

Fig. 8. Threshold stress normalized by Orowan stress at 300
°C (sth/sor) vs. average precipitate radius �r� for ternary
Al(Sc,Zr) alloys (lattice misfit d = 0.87–1.02%) and binary Al–
0.07 Sc, Al–0.12 Sc, and Al–0.18 Sc alloys (d = 1.05%) [5].
The lines represent predictions from a recently proposed model
[43] considering elastic interactions between dislocations and
coherent precipitates (d = 0.8 and 1.1%). Also shown is the
general climb model without elastic interactions (d = 0).

elastic stresses from the modulus and lattice para-
meter misfits between the matrix and precipitate
phases. Both the present Al(Sc,Zr) alloys, and the
previously investigated Al(Sc) alloys [5] follow the
general trend of this model. At small values of
�r�, the Al(Sc) and Al(Sc,Zr) data overlap. At
values of �r� greater than 7 nm, the threshold stress
values of the Al(Sc) and Al(Sc,Zr) alloys are
within one standard deviation of each other, but
the three data points for the ternary Al(Sc,Zr)
alloys exhibit lower normalized threshold stresses
than the three corresponding binary Al(Sc) data
points. This model indeed predicts the trend of
smaller threshold stresses for ternary Al(Sc,Zr)
alloys as compared to the binary alloy, illustrated
by the two curves with different lattice parameter
mismatches (Fig. 8). With a smaller lattice para-
meter misfit, the elastic interaction between the
precipitate and dislocation is reduced and the
strengthening effect is decreased. The effect of the
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lattice parameter misfit is enhanced at large �r�,
since the interaction volume increases with �r�3.

The chemical composition of Al3Sc precipitates
is anticipated to change with Zr additions, due to
Zr enrichment near the precipitate/matrix hetero-
phase interface [11,44], which could alter the
precipitate/dislocation interaction, e.g. by further
modifying the misfit. Large differences were not,
however, observed between the creep behavior of
the Al(Sc) and Al(Sc,Zr) alloys with the same pre-
cipitate volume fraction and average radius (Fig.
8), indicating that the above chemical effect has a
small impact on creep resistance. A three-dimen-
sional atom probe examination of the Al–0.09 Zr–
0.047 Zr alloy aged at 300 °C indicated that, after
aging at 300 °C for 2412 h, the Al3(Sc1�xZrx) pre-
cipitates are not in global thermodynamic equilib-
rium [11]. It is proposed that Al(Sc,Zr) alloys will
not reach a global equilibrium, within reasonable
time periods, when aged between 300 and 375 °C.
Thus, a chemical effect upon the creep resistance
of Al(Sc,Zr) alloys is more likely to occur at aging
temperatures above 375 °C, if it exists at all.

The optimum �r� value depends on the intended
use of an alloy. At ambient temperature, as illus-
trated in Figs. 6 and 7, the optimal strength is achi-
eved with �r� = 2.0 nm. At 300 °C, however, Fig.
8 shows that optimal dislocation creep resistance
occurs at the largest value of �r�, 8.7 nm. As the
Orowan stress decreases, however, with increasing
�r�, the magnitude of the threshold stress increases
only modestly in the range �r� = 4�9 nm (Table
2). A compromise �r� value for an alloy needing
strength both at ambient and elevated temperature
is then ca. 4 nm. Solute atoms and embryonic par-
ticles of the Al3Sc phase may affect the ambient-
and elevated-temperature strengths of the alloys
studied [45]; however, because the number density
and size of these embryos are not known and
would be very difficult to ascertain, we do not
attempt here to calculate whether they will make
a significant contribution to the mechanical proper-
ties of the alloys.

5. Conclusions

The following conclusions are drawn from this
study of the ambient- and elevated-temperature
mechanical properties of six Al(Sc,Zr) alloys:

� Microhardness increases with increasing pre-
cipitate volume fraction (Fig. 2), and with
decreasing average precipitate radius �r� (Figs.
6 and 7). The Al–0.14 Sc–0.12 Zr and Al–0.06
Sc–0.005 Zr alloys maintain their peak hardness
for aging times as long as 144 h, at 300 °C, Fig.
2(a). Upon aging at 350 and 375 °C, the onset
and speed of over-aging are delayed for the ter-
nary Al–0.14 Sc–0.012 Zr alloy, as compared
to the binary Al–0.18 Sc (Fig. 2(b,c)), which is
attributed to the slower coarsening kinetics of
the Zr-containing alloy. Strength (calculated
from microhardness) decreases with increasing
�r� in good quantitative agreement with predic-
tions assuming the Orowan dislocation looping
mechanism for �r� larger than 2 nm (Figs. 6
and 7).

� Creep resistance at 300 °C increases with
increasing volume fraction (Fig. 3) and precipi-
tate radius (Figs. 4 and 5). All alloys exhibit a
threshold stress, which increases from 0.06sor

at �r� = 2.0 nm to 0.33 sor at �r� = 8.7 nm (Table
2), where sor is the Orowan stress. These high
relative values of the threshold stress can be
semi-quantitatively explained by a recently pro-
posed model [43], taking into account the elastic
interactions occurring between dislocations and
precipitates, Fig. 8. At the largest values of �r�
(above 7 nm), Zr additions lead to a slight
decrease in creep resistance as compared to
binary Al(Sc) alloys, which can be explained by
a decrease in the lattice misfit strain energy,
thereby decreasing the dislocation–precipitate
interaction.

� At ambient temperature, the maximum alloy
strength is predicted at the transition from pre-
cipitate shearing to Orowan bypass at �r��2.0
nm; while at an elevated temperature (300 °C),
the maximum creep resistance is reached at
�r��4�9 nm. Therefore, the optimum precipi-
tate radius depends on the usage temperature,
and is a compromise between these two values.
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