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Abstract

An Al–6.3Li–0.07Sc–0.02Yb (at.%) alloy is subjected to a double-aging treatment to create nanoscale precipitates, which are studied
by atom-probe tomography and transmission electron microscopy. After homogenization and quenching, Yb atoms form clusters
exhibiting L12-like order. A first aging step at 325 �C leads to a doubling of microhardness as a result of the formation of coherent pre-
cipitates with an Al3Yb-rich core and an Al3Sc-rich shell. The core and shell both exhibit the L12 structure and both contain a large
concentration of Li, which substitutes for up to 50% of the Sc or Yb atoms at their sublattice positions. These core/single-shell precip-
itates provide excellent resistance to overaging at 325 �C. Subsequent aging at 170 �C increases the microhardness by an additional 30%,
through precipitation of a metastable d0-Al3Li second shell on the core/single-shell precipitates, thereby forming a chemically and struc-
turally complex core/double-shell structure. The metastable d0-Al3Li phase is observed to form exclusively on pre-existing core/shell
precipitates.
� 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Hypoeutectic Al–Sc alloys derive their strength from a
high number density of nanoscale Al3Sc precipitates with
an L12 structure, which exhibit excellent resistance to
coarsening to �300 �C (�0.5 of the absolute melting point
of Al) [1–13]. Dilute Al–Sc–X ternary alloys have been
extensively studied, where the second alloying element X
is chosen to partition either mainly to the a-Al matrix
(Mg [14–20]) or to the precipitates (transition metals or lan-
thanoids [21–31]). Lithium is an unusual alloying element
for Al–Sc alloys, since it has high solubility in the face-
centered cubic (fcc) a-Al matrix [32–38] (similar to Mg)
as well as in the L12 Al3Sc precipitates [39,40], which is sim-
ilar to transition metals and lanthanoids, and additionally
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forming metastable L12 d0-Al3Li precipitates. Lithium
additions reduce the density of Al alloys – for the present
alloy, a density reduction of approximately 5% from pure
aluminum to 2.567 ± 0.001 g cm�3 was measured, while
increasing their stiffness [41–44] and strength [33,45–56]
by formation of metastable d0-precipitates, which remain
coherent up to a radius of �200 nm due to their small lat-
tice parameter mismatch with a-Al [57].

Whereas binary Al–Sc alloys have been investigated
extensively [2,3,10,11,58], Al–Li–Sc alloys have been stud-
ied to a lesser extent. Miura et al. [59] and Krug et al.
[39] used a two-step heat treatment to create Sc-rich trialu-
minide precipitates at high temperatures (300–350 �C), and
the metastable d0-Al3Li phase at lower temperatures (170–
200 �C), which forms a shell enveloping the Al3Sc precipi-
tates. A comparable two-step treatment was described for
Al–Li–Zr alloys [60–63], where a similar Al3Zr-rich core/
Al3Li-rich shell structure was achieved, using 400–600 �C
rights reserved.
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for the Al3Zr precipitation step, given the significantly
smaller diffusivity of Zr in Al as compared to Sc [64].
Recently, Radmilovic et al. [40] and Rossel et al. [65] stud-
ied a quaternary Al–Li–Sc–Zr alloy, building upon a
knowledge of the Al–Li–Zr and Al–Li–Sc ternary systems.
Their first aging step was at 450 �C, where L12 Al3(Li, Sc,
Zr) precipitates form with a Zr-enrichment at the interface
with the a-Al matrix. During the second heat treatment at
190 �C, an additional L12 d0-Al3Li-rich shell forms upon
these precipitates to form core/single-shell precipitates.
Although the spatial extent of Zr-enrichment is not suffi-
cient to constitute a distinct shell, these precipitates exhibit
a complex variation of concentrations from their centers to
their interfaces with the a-Al matrix.

In the present study, we describe a new alloy system
based on Li additions to the ternary Al–Sc–Yb system.
This ternary system forms core/single-shell precipitates
during a single-step aging treatment with an L12 Al3Yb-
rich core nucleating, before being enveloped by an L12

Al3Sc-rich shell [21]. In contrast to the Li-containing alloys,
in the ternary Al–Sc–Yb system the core/single-shell struc-
ture is a result of the larger diffusivity of Yb compared to
Sc at the aging temperature, 300 �C [66]. In the quaternary
Al–6.3Li–0.07Sc–0.02Yb (at.%) alloy (hereafter all concen-
trations are in at.% unless otherwise noted), we utilize a
heat treatment to create novel core/double-shell nanoscale
precipitates [67]. The alloy composition was chosen with
the objective of ensuring that all alloying elements are sol-
uble in the a-Al matrix during a homogenization treatment
and exceed their solubility limit when aging at a lower tem-
perature to enable the creation of precipitates. The Li con-
centration is also limited by the possibility of forming the
stable AlLi d-phase with the B32 structure [68,69], which
decreases the toughness and corrosion resistance of Al–Li
alloys and also depletes the a-Al matrix of Li, thereby lim-
iting the achievable maximum volume fraction of metasta-
ble d0-Al3Li. This article focuses on: (i) verification that the
core/single-shell precipitate structures observed in simpler
ternary systems are observed with the quaternary solute
additions; (ii) the effect of the Li addition on Sc precipitates
in Al–Sc based alloys; and (iii) interactions among the three
alloying elements.

In this article, we verify the first of the above three
points. Moreover, we demonstrate that: (i) Li increases
the number density of precipitates nucleated at 325 �C by
a factor of �2–5 as compared with Al–Sc or Al–Sc–Yb
alloys [21], and more generally Al–Sc–RE alloys
(RE = rare earth) [31] aged using similar aging conditions;
(ii) Li substitutes for Sc and Yb in the L12 structure of the
precipitates obtained after aging at 325 �C, enabling high
precipitate volume fractions as compared to an Al–Sc–
Mg alloy, which is the closest comparable Al–Sc alloy
including an light alloying element [18]; and (iii) overaging
of this alloy during an isothermal heat treatment is delayed
as compared to similar alloys [18,21,22,31,34,70], suggest-
ing that, due to the Li addition, the alloying elements have
interactions that are absent in less complex alloys.
2. Experimental procedures

2.1. Aging treatments

The alloy was cast in an inductively heated furnace
under three atmospheres of argon. The charge consisted
of an Al–11.3Li–0.11Sc master alloy and an Al–3.7Yb mas-
ter alloy (at.%) produced by arc melting. The aluminum
source for the master alloys and for final dilution was Alfa
Aesar, and was 99.999% pure; the master alloys were 99.9%
pure. The composition of the as-cast alloy was determined
to be 6.3 ± 0.1 at.% Li, 688 ± 25 at. ppm Sc and
179 ± 10 at. ppm Yb (corresponding to 1.7 wt.% Li,
0.12 ± 0.004 wt.% Sc and 0.12 ± 0.004 wt.% Yb) by direct
coupled plasma mass spectrometry (DCPMS), performed
at Wah Chang Laboratories (Albany, OR). The heat treat-
ment protocol consisted of the following three steps: (i)
homogenization at 640 �C for 72 h in molten LiCl termi-
nated by quenching into iced brine (�10 �C); (ii) aging at
325 �C in a molten salt mixture (NaNO2:NaNO3:KNO3),
followed by direct quenching into a 170 �C oil bath; and
(iii) aging at 170 �C in this oil bath and then quenching
in iced brine. Scanning electron microscope (SEM) obser-
vations after the 640 �C homogenization step revealed
equiaxed, non-spheroidal primary precipitates of maxi-
mum dimensions �1–5 lm, containing Sc, Yb and Li at
the grain boundaries. Consequently, the a-Al matrix had
a composition of Al–5.5Li–0.055Sc–0.008Yb (at.%) as
measured by atom-probe tomography (APT) [71–74], per-
formed immediately after homogenization and quenching.
The first high-temperature aging treatment was performed
at 325 �C to avoid the creation of the stable AlLi d-phase,
which forms below 320 �C for binary Al–Li at this Li con-
centration [34] while maximizing the driving force for
nucleation of the Sc and Yb-containing L12-phase, thereby
avoiding heterogeneous nucleation on dislocations or
other imperfections. The low-temperature aging treatment
occurred at 170 �C, close to the metastable d0-Al3Li solvus
line in the Al–Li system [35], to minimize the driving force
for homogeneous nucleation of metastable d0-Al3Li and
consequently favoring heterogeneous nucleation on the
pre-existing Al3(Sc, Yb) precipitates. Although it would
have resulted in a higher precipitate volume fraction and
number density, a temperature lower than 170 �C was not
utilized, to obtain reasonably rapid precipitation kinetics.
Several 4 � 4 � 4 mm3 samples, subject to the above heat
treatments for different aging times, were cold-mounted
in an acrylic resin and polished to a 1 lm finish using a
water-based diamond suspension. Microhardness was then
measured at 20 different locations in at least two grains
using a 200 gf load for 10 s per indent.

2.2. Local electrode atom probe (LEAP) tomography and

transmission electron microscopy

Rods with �0.3 � 0.3 mm2 cross-sections were cut by a
diamond saw from the aged alloy and electropolished to an



Fig. 1. (a) Schematic of aging treatment schedules; (b) microhardness
aging curve for isothermal aging at 325 �C (red circles) and isothermal
aging at 170 �C (following 8 h at 325 �C, blue diamonds). The four states
corresponding to the APT investigations (letters a–d) are circled in green
in both figures.

1 For interpretation of color in all figures, the reader is referred to the
web version of this article.
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atomically sharp microtip using a solution of 10% per-
chloric acid in acetic acid, followed by a solution of 2% per-
chloric acid in butoxyethanol, at voltages varying between
7 and 14 Vdc [75]. The microtips obtained were dissected
on an atom-by-atom and atomic plane-by-atomic plane
basis employing a LEAP 3000X Si tomograph (Cameca
(formerly Imago Scientific Instruments), Madison, WI) at
a specimen temperature of 25 ± 1 K and a pulse repetition
rate of 250 kHz in the voltage pulsing mode, with a pulse
fraction of 16% (pulse voltage/dc steady-state voltage).
This pulse fraction value was chosen because at both higher
and lower values the measured solute concentrations
varied significantly with pulse fraction. Employing 16%,
we obtain the most reliable results for solute concentration
measurements.

To make transmission electron microscope (TEM) spec-
imens, �250 lm thick slices were cut from the aged alloy
using a diamond saw, and subsequently 3 mm diameter
disks were punched out of the 250 lm slices and then
ground to an �120 lm thickness. The �120 lm specimens
were then thinned to electron transparency employing a
Struers Tenupol 5 electropolisher, using an electrolyte con-
sisting of 1 part nitric acid to 2 parts methanol. The oper-
ating temperature and voltage were �30 �C (dry ice in
methanol) and 12–14 Vdc. The thinned samples were exam-
ined using a Hitachi H8100 TEM in dark-field imaging
mode.

Statistical measurements of the observed precipitate pop-
ulation, specifically volume fraction, u, number density,
NV, and average radius, hRi, were obtained by different
methods. The precipitates created after aging at 325 �C were
investigated by LEAP tomography. The value of hRi was
deduced from the radius of gyration of precipitates [76,77]
in the direction parallel to the tip axis, z, given by a modified
envelope method. Only the z-direction is taken into account
because directions orthogonal to the tip axis are strongly
influenced by local magnification effects and because the
z-direction is calibrated accurately in all the LEAP tomo-
graphic experiments acquired by adjustment of the interpla-
nar spacing visible in the poles to match the experimentally
determined values. The formula used, which assumes a
spherical precipitate morphology, is a modified Guinier
radius, rG = (5)1/2lgz, where lgz is the radius of gyration of
the precipitate in the z-direction [77]. The value of NV was
obtained by dividing the number of precipitates in each
tip by the volume of the tip (given by the number of atoms
multiplied by the atomic volume, taking into account a
detection efficiency of 0.5). The value of u was determined
as the ratio of the number of atoms inside the precipitates
to the total number of atoms in the reconstructed volume
(ignoring the small difference in the lattice parameters of
the phases). For precipitates created during the low-temper-
ature (170 �C) treatment, both LEAP tomography and
dark-field TEM images were obtained. An image treatment
method similar to that described in Ref. [78] was applied to
the images, and R and u were measured. Precipitate trunca-
tion due to surface effects of the thin foil (measured by equal
thickness contours using the JEMS software [79]) is
accounted for using the procedure described in Ref. [80].
The value of NV is the number of precipitates in the image
divided by the volume of the foil. The value of u is the frac-
tion of atoms in the reconstructed volume that are con-
tained in the precipitates, making the approximation that
the lattice parameters of the a-Al matrix and precipitates
are identical.

3. Results

Fig. 1a and b displays microhardness vs. aging time and a
schematic of the aging treatments utilized. For the two-step
aging treatment, a time of 8 h for the 325 �C treatment is
used, leading to a peak microhardness value of 725 ±
10 MPa. Table 1 compares the data obtained with existing
literature values. As indicated by green1 circles in Fig. 1a
and b, APT experiments were performed at four different
stages: (a) as-homogenized state; (b and d) after a single
aging step at 325 �C for 8 and 336 h, respectively; and (c)
after double aging at 325 �C for 8 h and then at 170 �C



Table 1
Comparison of main parameters in microhardness curves between various Al–Sc–X alloys.

Composition (at.%) Aging temperature (�C) Peak hardness (MPa) Hardness plateau start (h) End (h)

Al–0.06Sc [4,5] 300 340 ± 30 10 n.a.
Al–0.12Sc–2.0 Mg [16] 300 900 ± 30 0.5 20
Al–0.06Sc–0.005Yb [21] 300 475 ± 25 1 100
Al–0.06Sc–0.005Zr [23] 300 570 ± 40 3 220
Al–0.06Sc–0.06Ti [24] 300 420 ± 20 5 200
Al–6.5Li–0.07Sc–0.02Yb (present study) 325 710 ± 30 4 336

Table 2
Precipitate characteristics after heat treatments.

Technique Volume fraction u Average radius hRi Number density NV

(vol.%) (nm) (�1022 m�3)

325 �C/8 h (treatment (b))

Core LEAP – 1.2 ± 0.4 11.9 ± 0.7
Shell 1 LEAP 0.250 ± 0.005 1.9 ± 0.6 11.9 ± 0.7

325 �C/2 weeks (treatment (d))

Core LEAP – 2.1 ± 0.7 3.3 ± 0.2
Shell 1 LEAP 0.293 ± 0.005 2.5 ± 0.9 3.3 ± 0.2

325 �C/8 h and 170 �C/1 week (treatment (c))

Core LEAP – 1.7 ± 0.5 8.5 ± 0.6
Shell 1 LEAP 0.334 ± 0.006 2.2 ± 0.8 8.5 ± 0.6
Shell 2 Dark-field TEM 5.5 ± 1.2 12.2 ± 0.3 5.5 ± 0.9
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for 168 h. Table 2 lists the results of measurements of the
morphologies of the precipitates.

After quenching from the homogenization temperature
(condition (a) in Fig. 1), the a-Al matrix composition was
measured by APT to be 5.5 at.% Li, 550 at. ppm Sc and
80 at. ppm Yb. Because the local solute concentration mea-
sured by APT is smaller than the bulk composition mea-
sured by DCPMS, this indicates that full homogenization
of the alloy was not achieved, as confirmed by SEM obser-
vations of micrometer-sized equiaxed primary precipitates
containing Sc, Yb and Li at grain boundaries. Thus, the
solute concentration in the a-Al matrix available for pre-
cipitation upon aging is less than the nominal composition
of the alloy, and specifically the Yb/Sc ratio is 0.15 instead
of the intended 0.26.

Fig. 2a displays an APT reconstruction for the homog-
enized and quenched state, which is characterized by the
absence of visible features for the 88 million collected
atoms. In Fig. 2b, the same type of reconstruction contain-
ing 80 million atoms is presented for an alloy aged for 8 h
at 325 �C and Fig. 2c displays the alloy after aging at
325 �C for 8 h and at 170 �C for 1 week; it comprises
138 million atoms.

Fig. 3 is a partial radial distribution function (RDF)
analysis of this dataset. An i–X partial RDF [81] for the
radial distance r is defined as the average concentration dis-
tribution of component i near a given solute species X,
hCX

i ðrÞi normalized to the overall concentration of i atoms,
C0

i , in the total volume considered,

RDFx
i ¼
hCX

i ðrÞi
C0

i

¼ 1

C0
i

XNX

k¼1

Nk
i ðrÞ

Nk
totðrÞ

ð1Þ
where Nk
i ðrÞ is the number of i atoms in a radial shell of

radius r around the kth X atom that is at the center of the
shell, N k

tot is the total number of atoms in this shell and NX

is the number of X atoms in the volume considered. The
average concentration distributions around a solute species
in 0.1-nm-thick shells are smoothed using a Gaussian-type
spline function [82], with a 0.04 nm full width at half maxi-
mum, where hN totðrÞi increases quadratically with r and the
total volume sampled is proportional to X. RDFX

i values
of unity describe perfectly random distributions, while val-
ues that differ describe clustering or ordering. The absolute
magnitude of these processes can be compared with the
RDF’s amplitude, AX

i ðrÞ ¼ ½RDFX
i ðrÞ � 1�. AX

i ðrÞ > 0 indi-
cates that, at a distance r from X atoms, the concentration
of i is greater than in the overall analyzed volume (positive
correlation); AX

i ðrÞ < 0 implies that, at a distance r from X

atoms, the concentration of i is smaller than in the overall
analyzed volume (negative correlation).

Fig. 4 displays a single precipitate extracted from the
dataset shown in Fig. 2b (aged at 325 �C for 8 h), and
Fig. 5 features a proximity histogram centered on the
inflection point of the Sc concentration profile for the pre-
cipitates obtained (Fig. 2b). The image in Fig. 4 is taken
along a {1 0 0} family of planes in a pole of the recon-
structed dataset. The reconstructed precipitate is extracted
from the original dataset by using an isoconcentration sur-
face [77,83] at the inflection point of the Sc concentration
of the proximity histogram [82], as shown in Fig. 5.

Fig. 6a and b displays Li-centered partial RDFs for the
two phases isolated from the same dataset, which was
obtained from a specimen aged at 325 �C: Fig. 6a is for a
2 � 106 atom dataset consisting of 32 core/shell a0-Al3(Sc,



Fig. 2. Elemental LEAP tomographic reconstructions obtained after homogenization, quenching and the following aging treatments: (a) no aging; (b)
aged at 325 �C for 8 h; and (c) aged at 325 �C for 8 h and at 170 �C for 1 week. In (b), Li atoms are not shown for the purpose of clarity. Condition (d) is
not shown because it is very similar to condition (c).
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Yb, Li) precipitates, which were isolated from the a-Al
matrix (case I); and Fig. 6b is for a 107 atom dataset con-
sisting of the a-Al phase from which the precipitates have
been removed using the atom probe tomography analysis
software program IVAS (Cameca) (case II). This separa-
tion provides useful information when considering correla-
tions among Li atoms and the three other elements present
in the alloy.

Fig. 7 displays a reconstructed core/double-shell precip-
itate, and a concentration profile taken through its centroid
along the axis of the APT specimen for an alloy aged for 8 h
at 325 �C and 1 week at 170 �C. Fig. 8 shows typical concen-
tration profiles recorded similarly for all aging conditions
studied: condition b, 8 h at 325 �C; condition c, 8 h at
325 �C and 1 week at 170 �C; and condition d, 2 weeks at
325 �C. A concentration profile is employed rather than a
proximity histogram because the shell thicknesses vary from
precipitate-to-precipitate [40]. The use of a proximity histo-
gram causes, because of the variability in shell thickness, an
artificial decrease in interface abruptness, which precludes a
clear observation of the core/shell structures. When com-
pared to the proximity histogram, Fig. 5 (representing an
average concentration profile for 317 precipitates), the
individual concentration profile in Fig. 8b for a single pre-
cipitate has the advantage of displaying an interface’s
sharpness and a precipitate’s dimensions, which are more
accurate because, compared to the x- and y-directions
(directions orthogonal to the APT tip axis), the z-direction
for this profile is less affected by local magnification effects.
Because measuring individual precipitates with concentra-
tion profiles results in a decrease in statistical confidence
compared to measuring all precipitates in a dataset with



Fig. 3. Partial radial distribution function centered on Yb atoms. The
sample is homogenized and quenched (condition (a)). Interplanar
distances for a Al3Yb unit cell (0.42 nm) are shown labeled by their
corresponding crystallographic directions.

Fig. 4. Image of a precipitate delineated with an isoconcentration surface
centered on the inflection point in the Sc concentration in the corre-
sponding proxigram (Fig. 5). The precipitate is imaged along a h2 0 0i
zone axis visible as a low-index pole in the APT reconstruction, allowing
the observation of crystallographic planes. The structure shows alterna-
tively (a) Al-rich and (b) Al-poor planes, suggesting an L12 structure,
which is otherwise invisible in dark-field TEM due to a structure factor
extinction effect.

Fig. 5. Proxigram for aging condition (b) (8 h at 325 �C), based on 89
precipitates in a 22 million atom dataset. The core/shell structure is visible
in spite of the interface spreading due to the variable thickness of the Sc-
rich shell. The thick gray circle shows the interface position at the
inflection point in the Sc concentration.

Fig. 6. Partial radial distribution functions centered on Li atoms, applied
to (a) precipitates and (b) a-Al matrix of a dataset obtained from a sample
aged at 325 �C for 8 h (aging treatment condition (b)). The line at the
value unity is the average normalized concentration of the element. The
vertical dashed lines are the first-NN distances through third-NN
distances and are labeled with their corresponding atomic position in
the Al3Li unit cell, from Ref. [93].
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the proxigrams method, concentration profiles were deter-
mined for at least a dozen precipitates, confirming that
the results shown in Figs. 8a–c are indeed representative.
These profiles are recorded along the microtip’s evapora-
tion direction, which is calibrated using interplanar spacing
measurements for the low-index poles ({1 0 0}, {1 1 0},
{1 1 1} and {3 1 1}). This procedure reduces the sensitivity
of the concentration determination to local magnification
effects.

4. Discussion

4.1. Microhardness-aging behavior

The strengthening mechanisms in the present alloy
are complex, as their origins include contributions from
solutes dissolved in the a-Al matrix, precipitation strength-
ening from the a0-Al3(Li, Sc, Yb) precipitates formed at
325 �C, and finally from metastable d0-Al3Li precipitates
formed at 170 �C. The most significant contribution to
solid-solution strengthening in this alloy is from Li, as it
has the highest concentration of all the solutes. Strengthen-
ing in the as-quenched state is also due to the rapid



Fig. 7. A typical example among the 12 core/double-shell precipitates obtained in the APT datasets collected during this study for the case (c) aging
protocol: 8 h at 325 �C followed by 2 weeks at 170 �C. The horizontal line indicates the direction of the microtip’s axis. The precipitate dimensions in the x-
and y-directions (in-plane and vertical in this figure) suffer an inverse magnification effect and this is not taken into account for the size measurement.
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decomposition of the supersaturated Al–Li solid solution,
which occurs during quenching in Al–Li alloys for an
Li-concentration greater than �6 at.% [54]. In this
research, the microhardness of the as-quenched state was
determined to be 339 ± 12 MPa. This is comparable to
the as-solutionized and quenched hardness values of simi-
lar simpler alloys [84]: 360 MPa for Al–5.5Li and
450 MPa for Al–6.5Li (at.%), and 220 MPa for binary hyp-
oeutectic Al–Sc alloys [23,58].

The 325 �C aging curve (Fig. 1b) displays an initial peak
after 1 h of aging. A similar result is reported by van Dalen
et al. [21] for a ternary Al–Sc–Yb alloy because Yb atoms
cluster prior to forming L12 Al3(Yb, Sc) precipitates. A pla-
teau with a peak value of 716 ± 28 MPa is observed after
�8 h. The isothermal aging behavior at 325 �C (Fig. 1b)
differs in many respects from prior studies performed on
dilute Al–Sc, Al–Sc–Mg and Al–Sc–Yb alloys. Table 1
demonstrates the following: (i) peak (plateau) microhard-
ness values for the binary Al–Sc or ternary Al–Sc–Yb
alloys are smaller than for the present alloy; (ii) for a com-
position similar to the ternary Al–Sc–Yb system, the pres-
ent alloy exhibits an approximately fourfold increase in the
initial and final times of the microhardness plateau, despite
a higher aging temperature and slightly larger Sc plus Yb
concentrations; and (iii) the Al–Sc–Mg alloy reaches a
higher peak microhardness value because of the higher Sc
concentration but displays a more rapid decrease in
microhardness due to over aging, which commences after
20 h in Al–Sc–Mg, compared to 336 h in the present alloy.

The present alloy (Al–6.3Li–0.07Sc–0.02Yb, at.%)
subjected to the two-step aging treatment (325 �C for 8 h fol-
lowed by 170 �C for 1 week) achieves a microhardness of
952 ± 49 MPa, which is smaller than the value (1320 ±
70 MPa) measured by Miura et al. [59]. This is explained
by the higher total solute content of the alloy used by Miura
et al.: 8.7 and 0.11 at.% for Li and Sc, respectively. We
employed a smaller Li concentration and a lower second
aging-step temperature (170 vs. 200 �C used by Miura
et al.), which increases the aging time necessary to achieve
peak microhardness.

Theoretical models of the strengthening of alloys due to
precipitates have been extensively developed [85–87]. In the
case of coherent and ordered misfitting precipitates, the
strength of an alloy can be related to different dislocation
interactions with precipitates and their associated strain
fields. These include order strengthening, modulus and
coherency mismatch strengthening, and Orowan strength-
ening or dislocation looping. Following Refs. [23,58], the
strength increment for dislocation–precipitate interac-
tions by order strengthening, coherency and modulus



Fig. 8. Concentration profiles along the field-evaporation direction of a
representative example of a precipitate obtained for aging conditions (b)
325 �C, 8 h; (c) 325 �C, 8 h, 170 �C, 1 week; and (d) 325 �C, 2 weeks
respectively. Li concentration in the outer shell of case (c) suffers a
measurement artifact, and is thus qualitative.
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strengthening, or strengthening by the Orowan bypass
mechanism are compared with the experimental strength
increment, estimated as DHV/3 (where DHV is the increase
in microhardness from the as-quenched state to the aged
state). For the precipitates formed after aging 8 h at
325 �C, and also for the precipitates formed after 170 �C,
precipitate shearing is expected to be the active strengthen-
ing mechanism and the strengthening increments from the
two precipitation events appear to be linearly additive. We
are continuing to study strengthening in these complex
alloys in detail with a combined experimental and compu-
tational approach using dislocation dynamics simulations
[88].

4.2. Microstructure evolution

4.2.1. Early nucleation stages

First, we make a general remark concerning datasets
containing precipitates (conditions (b–d) in Fig. 1). APT
data taken from samples containing nanometer-sized pre-
cipitates exhibit a local magnification effect [77,89,90] (the
precipitate dimensions in directions orthogonal to the
microtip axis are artificially enlarged) for the precipitates
created during the 325 �C aging. In contrast, an inverse
local magnification effect (the precipitate dimensions in
directions orthogonal to the microtip axis are artificially
diminished) is observed for the metastable d0-Al3Li precip-
itates after aging at 170 �C (condition (c) only). Addition-
ally, the overall Li concentration decreases for condition
(c), suggesting that Al3Li has a field-evaporation behavior
different from that of the a-Al matrix [51].

In the case of the as-quenched alloy, the Yb–Yb partial
RDF, RDF Yb

Yb, in Fig. 3 has a value less than unity
(RDF Yb

Yb < 1) for the first nearest-neighbor (NN) distance
( 1

2
1
2

0
� �

vectors in an L12 structure), and has a value greater
than unity (RDF Yb

Yb > 1) for the second- and third-NN posi-
tions ((110) and 1

2
1
2

1
� �

vectors). The good match between
the two expected interplanar distances (Fig. 3) and the
magnitudes of the correlations suggests that there is L12

ordering of Yb atoms in the as-quenched state [81]. More-
over, values greater than unity for partial RDF Li

Yb and
RDF Al

Yb at the first-NN distance suggests that Li and Al
may reside on the Al sublattice of the L12 structure. This
partial RDF trend is less visible for Li because the normal-
ization concentration C0

i is close to hCX
i ðrÞi, due to the

large number of atoms in the a-Al matrix. A discussion
of this aspect of partial RDF analysis is given in Ref. [81].

4.2.2. Chemical compositions of precipitates

For aging condition (b) (8 h at 325 �C), a high number
density of Li-rich precipitates (Figs. 2b and 4) containing
Sc and Yb is observed. Fig. 5 demonstrates that the cores
and shells of these precipitates are enriched in Yb and Sc,
respectively. For the two datasets collected, 80 million
atoms, 317 Sc-rich precipitates with the composition
Al0.800(Li0.120Yb0.027Sc0.053) and 321 Yb-rich cores with
the composition Al0.780(Li0.130Yb0.048Sc0.042) were analyzed
independently by the envelope method: for the Sc cluster
search, a distance of 1.4 nm and a minimum number of
atoms of 20 is specified, whereas for Yb, the minimum
number of atoms is reduced to four [76]. By comparing
the spatial coordinates of the precipitates, it is verified that
all Sc-rich shells contain an Yb-rich core. The small dis-
crepancy between the two precipitate numbers (321 Yb-
rich cores compared to the 317 Sc-rich shells) is attributed
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to the low threshold of 4 atoms used for Yb, which is nec-
essary due to the small Yb concentration. For the Sc-rich
precipitates, the number of precipitates analyzed by the
envelope method is verified using an isoconcentration sur-
face calculation with the inflection point in the Sc concen-
tration profile of the corresponding proximity histogram
(or proxigram) [82]; the technique consists of plotting the
atomic concentration profile measured by APT as a func-
tion of distance with respect to an isoconcentration surface
(Fig. 5). When this procedure is finished, counting the
number of distinct isoconcentration surfaces yields the
number of precipitates. As shown in Fig. 8d, the core/shell
structure is also obtained for the longer aging time at
325 �C (2 weeks, heat treatment case (d)), indicating that
this core/shell structure is stable at 325 �C for at least
2 weeks. The proxigram in Fig. 5 exhibits Li partitioning
to the core and inner shell of the precipitate, with the par-
titioning coefficient, KLippt=matrix, ranging from 2.4 to 3.2.
The average composition of precipitates produced at
325 �C is Al3(Li0.57Sc0.33Yb0.10), but the Li concentration
may be underestimated if the Li-containing phases exhibit
a different field-evaporation behavior during the LEAP
tomographic analyses compared to the a-Al matrix
[51,90]. The large amount of substitution in these precipi-
tates demonstrates that two-thirds of the more expensive
Sc can be replaced with less expensive Yb and Li while
maintaining the L12 structure, high number density and
strong resistance of the precipitates to coarsening. The
L12 structure is visible in Fig. 4, where the precipitate is
imaged along a h2 0 0i zone axis (visible as a pole in the
APT reconstruction [18]), allowing the observation of crys-
tallographic planes. The {2 0 0} planes are alternatively Al-
rich and Al-poor (marked (a) and (b) in Fig. 4), as antici-
pated for the L12 structure.

4.2.3. The structure of the precipitates

Fig. 6a demonstrates that, for precipitates formed at
325 �C for 8 h (i.e. excluding the a-Al matrix), the values
less than unity of the Li partial RDFs (RDFX

Li < 1) with
all solute elements and the value greater than unity of the
Li partial RDF with Al (RDFAl

Li > 1) at the first-NN dis-
tance (the distance with the highest degree of certainty
for RDFs in fcc-related structures [33,34,81]) suggest an
L12 structure with Li, Sc and Yb sharing the X sites in
the Al3X structure. This observation is confirmed by direct
observation of a precipitate in the region of a 200 pole in an
APT dataset (Fig. 4), which provides structural informa-
tion that is unavailable using TEM, as the h1 0 0i type
superlattice reflection is extinct for precipitates with the
measured composition [62,63].

4.2.4. Solute behavior in the a-Al matrix

For the a-Al matrix (Fig. 6b), Li-centered partial RDFs
are different from those displayed in Fig. 6a. A value smal-
ler than unity for the partial RDF of Li with itself at the
first-NN position (RDFLi

Li < 1) suggests L12 ordering
(caused by short-range diffusion of Li atoms), as observed
by Schmitz et al. [45,46], with Sc and Yb having partial
RDFs with Li greater than unity. Thus, in the a-Al matrix,
the first-NN sites around Sc or Yb solute atoms are more
likely to be occupied by Li atoms than for the case of a ran-
dom solid solution. This suggests that a chemical affinity
exists between Sc and Li atoms, and between Yb and Li
atoms when these solutes are dissolved in the a-Al matrix,
possibly resulting in diffusion of Li–Sc and Li–Yb dimers
via a vacancy mechanism. We cannot prove this diffusion
mechanism hypothesis, but it would provide an explana-
tion for the resistance to overaging of our alloy, which is
similarly observed by Miura et al. [59]. At 325 �C Yb and
Li have isotope diffusivities in pure Al that are larger by
about three orders of magnitude than that of Sc in Al
[64,66,91], yet by alloying Al–Sc with Yb and Li, which dif-
fuse faster in pure Al than does Sc, the coarsening rate of
Sc-containing precipitates is reduced. Solute interactions
may also play a role in the difference in Yb clustering
behavior between the Al–Sc–Yb alloy [21], where pure
Yb clusters are found, and the present study, where nuclei
with an L12 structure are observed. Fig. 3 demonstrates
that Yb–Sc and Yb–Yb partial RDFs are less than unity
(RDFYb;Sc

Yb < 1) and those of Yb–Al and Yb–Li are greater
than unity (RDFAl;Li

Yb > 1) at the first-NN distance, and the
Yb–Yb partial RDF is strongly greater than unity at the
second-NN distance (RDFYb

Yb > 1), suggesting L12-like
short-range ordering [81].

4.2.5. Core/double-shell precipitate characteristics

Aging condition (c) (double aging at 325 �C for 8 h and
then at 170 �C for 1 week) results in precipitates with an
Al0.833(Li0.070Yb0.052Sc0.045) core, a first Al0.832(Li0.090S-
c0.063Yb0.015) shell and a second, outer shell with approxi-
mate Al3Li stoichiometry. A representative example of a
core/double-shell precipitate is displayed in Fig. 7, showing
an APT reconstruction and a concentration profile through
the precipitate, in a direction parallel to the evaporation
direction: the orthogonal two axes of the profile are con-
tracted due to an inverse magnification effect.

For the 1.3 � 108 atoms collected, 12 core/double-shell
precipitates were analyzed. Because the initial precipitates
created during the first aging step at 325 �C may have fur-
ther evolved during the subsequent 170 �C aging treatment,
direct comparison with case (b) (aging at 325 �C for 8 h) is
difficult. It is clear, however, that only a small fraction (�1
out of 15) of the initial high-temperature precipitates are
enveloped by the second shell, which is formed at 170 �C.
Moreover, no evidence was found for metastable d0-
Al3Li-rich precipitates without cores, suggesting that for
the small undercooling employed at 170 �C, ffi30 �C, there
is insufficient thermodynamic driving force for homoge-
neous nucleation of the metastable d0-Al3Li-rich phase,
which instead precipitates on the pre-existing Al3(Li0.57-
Sc0.33Yb0.10) precipitates nucleated at 325 �C. This is anal-
ogous to the case of a binary Al–8.2Li (at.%) alloy, for
which undercoolings smaller than 40 �C result in heteroge-
neous nucleation of metastable d0-Al3Li precipitates on
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dislocations [33]. Calculations similar to those of Refs.
[8,57] indicate that coherency of d0-Al3Li is expected for
precipitate radii up to �200 nm. d0-Al3Li precipitates in
the peak-double-aged state (1 week at 170 �C) have an
average radius of 12.2 ± 0.3 nm (Table 2); they are there-
fore expected to be coherent.

4.3. Comparison between the performed aging treatments

Fig. 8b–d displays representative APT concentration
profiles along the evaporation direction of precipitates
observed after heat treatment (b, 325 �C for 8 h; c,
325 �C for 8 h plus 170 �C for 1 week; and d, 325 �C for
2 weeks). When compared to case (b), the second aging
treatment at 170 �C for 1 week (case (c)) does not change
the concentrations in the core and first shell significantly,
and therefore this profile is treated as representative of
the core/shell structure observed for aging at 325 �C. The
concentration profiles (Fig. 8b–d) exhibit Li concentration
of 13–17 at.% for the precipitates nucleated at 325 �C with
an Al3Yb-rich core and an Al3Sc-rich first shell. This result
cannot be predicted employing binary phase diagrams, and
the quaternary phase diagram for this system does not
exist. Indeed, the metastable d0-Al3Li phase is stable only
below 200 �C for a binary Al–6.3Li alloy (at.%) [35,70],
but for our quaternary alloy we measure 13–17 at.% Li
for the peak concentration in the core/shell precipitates
formed at 325 �C with Li substituting on the X sites of
the L12 Al3X structure (Figs. 4–6). Peak concentrations
of 4–6 Yb and 7–9 Sc (at.%) are present in the core and
the first, inner shell, respectively. The Li concentration in
the second, outer shell is underestimated, again because
of the inverse magnification effect.

Table 2 summarizes the hRi and NV values of precipi-
tates as measured by TEM and APT. Li-rich precipitates
formed at 325 �C, 8 h of aging, contain a Yb-rich core
and an Sc-rich outer shell with hRi = 1.9 ± 0.6 nm, which
is smaller than that found in an Al–0.054Sc–0.004Yb
(at.%) alloy aged at 300 �C for 24 h (hRi = 3.4 ± 0.7 nm)
[21]. Additionally, for precipitates nucleated at 325 �C,
NV is a factor of 9 greater, and u is a factor of 2 greater
than for precipitates nucleated at 300 �C in [21]. This large
value of u and small value of hRi after 2 weeks of aging at
325 �C are responsible for the microhardness remaining
nearly constant at �750 MPa. Although the microhardness
plateau for this alloy aged at 325 �C commences at a
shorter time than that of Al–0.06Sc (at.%) aged at 300 �C
[15,58], it has a longer duration. The same observation
obtains for Al–0.06Sc–0.005X (X = Yb or Gd, at.%) aged
at 300 �C [21]. Two explanations are proposed for this
improved coarsening resistance.

First, the homogeneous nucleation current (number of
stable nuclei per unit volume per unit time) of precipitates
at 325 �C may be increased by the Li addition because it
reduces the net reversible work to make a critical size
nucleus, W* � (16print3 )/(3(DFV)2) [92], where rint is the
interfacial free energy between the two phases and DFV is
the volume Helmholtz free energy due to the supersatura-
tion at 325 �C. Thus, the improvement may be linked to
a decrease in rint and/or an increase in DFV as a result of
Li substitution in the precipitates. Furthermore, the driving
force for nucleation in Li-containing Al–Li–Sc–RE alloys
is anticipated to be larger than that of Li-free Al–Sc–RE
alloys with the same Sc and Yb concentrations in the super-
saturated matrix.

Second, correlated diffusion may occur between Li and Sc
(and/or Li and Yb), as discussed in connection with Fig. 6,
which could potentially decrease the intrinsic diffusivity
coefficients of the solutes in the a-Al matrix. Similarly, a
reduction in the coarsening rate of metastable d0-Al3Li pre-
cipitates by alloying with Sc has been observed by Miura
et al. [59] in an Al–8.7Li–0.11Sc (at.%) alloy. First-principles
calculations of the interactions between Li, other solute ele-
ments and vacancies, and the different phases’ interfacial
free energies and substitutional enthalpies would help to
shed light on these issues, which ultimately control the
microhardness retention for the long aging times observed.
In this respect, Li differs from Mg [16], which does not yield
significantly different aging behavior aside from its contribu-
tion to the increased microhardness by a solid-solution
strengthening mechanism. As a result, Li is an interesting
light element addition to an Al–Sc alloy to obtain a coarsen-
ing resistant alloy for use at elevated temperatures.

5. Summary and conclusions

An Al–6.3 at.% Li alloy microalloyed with 0.07 at.% Sc
and 0.02 at.% Yb was subjected to a two-step aging treat-
ment and studied employing APT and TEM with the fol-
lowing results:

– Aging the homogenized a-Al matrix at 325 �C results in a
high number density (11.9 � 1022 m�3 after 8 h) of coher-
ent, nanosized a-Al3(Li0.57Sc0.33Yb0.10) precipitates.

– These precipitates exhibit a Yb-rich core and an Sc-rich
outer first shell. They exhibit good stability, in terms of
mean radius and chemical composition, upon long-term
aging (up to 2 weeks) at 325 �C, with a concomitant
retention of a microhardness value of 750 MPa. Thus,
Li is an excellent candidate to replace partially the more
expensive element Sc in Al–Sc based alloys.

– A second aging treatment at 170 �C leads to the hetero-
geneous precipitation of a second metastable d0-Al3Li
shell upon approximately 1 in 15 of the precipitates cre-
ated at 325 �C. To our knowledge, this is the first metal-
lic alloy in which core/double-shell precipitates are
formed by a scientifically designed solid-state processing
protocol.

– A high microhardness value of 725 ± 10 MPa is
achieved after the first aging treatment at 325 �C, which
is a result of the high precipitate number density
(1.2 � 1023 m�3 after aging at 325 �C for 8 h), as
compared to other studies on Al–Sc and Al–Sc–X alloys
(where X = Zr, Mg, Li, Ti or rare earths).
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– Also contributing to the microhardness increase are
solid-solution strengthening and an increased volume
fraction of the 325 �C phase, both due to the Li addi-
tion. The second aging treatment further increases the
microhardness to 952 ± 49 MPa by increasing the pre-
cipitate volume fraction through formation of a meta-
stable d0-Al3Li outer shell on the first shell.
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