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A process was developed for fabricating arrays of micro-channels in shape-memory NiTi for bone implant
applications, with a tailorable internal architecture expected to improve biomechanical compatibility and
osseointegration. Ni–51.4 at.% Ti with 24–34 vol.% porosity was fabricated by electrochemical dissolution
of parallel layers of steel wire meshes embedded within a NiTi matrix during hot pressing of NiTi pow-
ders. The resulting NiTi structures exhibit parallel layers of orthogonally interconnected micro-channels
with 350–400 lm diameters that exactly replicate the steel meshes. When low-carbon steel wires are
used, iron diffuses into the surrounding NiTi during the densification step, creating a Fe-enriched zone
near the wires. For high-carbon steel wires, TiC forms at the steel/NiTi interface and inhibits iron diffusion
but also depletes some titanium from the adjacent NiTi. In both cases, the NiTi regions near the micro-
channels exhibit altered phase transformation characteristics. These NiTi structures with replicated net-
works of micro-channels have excellent potential as bone implants and scaffolds given: (i) the versatility
in channel size, shape, fraction and spatial arrangement; (ii) their low stiffness (15–26 GPa), close to 12–
17 GPa for cortical bone; (iii) their high compressive strength (420–600 MPa at 8–9% strain); and (iv)
their excellent compressive strain recovery (91–94% of an applied strain of 6%) by a combination of elas-
ticity, superelasticity and the shape-memory effect.

� 2010 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
1. Introduction

Porous metals for implant applications – represented mainly by
tantalum, stainless steel, chromium–cobalt, titanium, and nickel
titanium (NiTi) [1–3] – have two main advantages over their
monolithic counterparts. First, open pores, when ranging from
100 to 600 lm in size, permit bone ingrowth, which improves
the long-term fixation of the implant at the bone/implant interface
[4,5]. Second, porosity lowers the implant stiffness and thus
reduces stress-shielding originating from the large stiffness mis-
match existing between bone and implant. Stress-shielding leads
to implant failure by causing bone resorption and implant loosen-
ing [2]. Of the above bulk metallic implant materials for load-
bearing implant applications, NiTi has the lowest Young’s modulus
(68 GPa [6]) and is thus particularly suitable for reducing
stress-shielding. Porous NiTi has previously been fabricated [7,8]
with average stiffness values as low as that of cortical bone
(12–17 GPa) or even cancellous bone (<3 GPa) [9].

During the initial linear range of the stress–strain curve, NiTi
can exhibit an apparent stiffness well below its already low
Young’s modulus as a result of reorientation of existing twins
(for shape-memory martensitic NiTi) or creation of stress-induced
twins (for superelastic austenitic NiTi). Further large-scale
ia Inc. Published by Elsevier Ltd. A

unand).
twin-mediated deformation can accrue in the stress plateau of
NiTi, beyond the macroscopic yield point, with compressive strains
of �4% (well beyond the elastic limit of bone, �1–2% [9,10]) that
can be recovered completely upon heating (for shape-memory
NiTi) or removal of the stress (for superelastic NiTi) [11]. Also,
superelasticity delays the onset of plasticity at stress concentrators
such as pores [12] and increases the material’s energy absorption
and damping capacity [13,14]. Finally, the superelastic and
shape-memory effects can provide a mechanism for deploying
and fixating the implant, similar to NiTi stents and staples [15].

To permit bone ingrowth while retaining low stiffness, high
strength, and high superelasticity/shape-memory in porous NiTi,
it is important to control the pore size, shape, volume fraction,
and connectivity during processing. Fabrication of NiTi foams has
to date been performed almost exclusively by the powder metal-
lurgy route, using either elemental or pre-alloyed powders, as
reviewed in Ref. [4]. Powder metallurgy techniques used for creat-
ing porous NiTi include partial powder sintering [16–25], transient
liquid phase sintering [26,27], expansion of argon entrapped dur-
ing hot isostatic pressing (HIP) of powders [28–31], self-propagat-
ing high-temperature synthesis (SHS) [7,32–38], metal injection
molding (MIM) followed by sintering or SHS [39,40], and combina-
tions of these techniques with various space-holder materials.
Also, laser engineered net shaping (LENS) [41] and selective laser
sintering (SLS) [42,43] have recently been employed to fabricate
NiTi scaffolds from powders.
ll rights reserved.
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Partial powder sintering produces pores whose size and shape
are constrained by the initial powder size. Pore sizes are smaller
than the powders and foam strength is often compromised due
to the irregular pore shape [16]. Expansion of entrapped argon
gas also produces only low porosities due to the high creep
strength and low creep ductility of NiTi [29,31]. SHS from elemen-
tal powders produces inhomogeneous porosity and allows only
limited control over pore characteristics. Furthermore, it often
forms intermetallic phases such as Ti2Ni, Ni3Ti, and Ni4Ti3 that lack
the superelastic properties of NiTi and can embrittle the NiTi phase
[7,16,37]. LENS and SLS are capable of tailoring pore characteristics
closely but often fail to achieve full powder densification, resulting
in a significant amount of closed porosity [41–43].

Sintering metallic powders in the presence of a space-holder cre-
ates pores whose size, volume fraction and morphology are con-
trolled independently and easily by the space-holder. Temporary
space-holders used for NiTi include ammonium bicarbonate [44–
46], polymethyl methacrylate [40] and magnesium [47]. Removal
of these space-holders occurs by thermal decomposition or evapo-
ration and can thus be integrated into the sintering processing
stage. On the other hand, permanent space-holders such as sodium
chloride [8,40,48] and sodium fluoride [49] are removed subsequent
to high-temperature densification of the NiTi matrix. While perma-
nent space-holders thus require an additional processing step, they
prevent pore collapse when powder densification occurs under an
externally applied pressure (unlike temporary space-holders that
are removed early in the sintering process), thereby allowing more
complete NiTi powder densification, e.g., by HIP or hot die pressing.

All previous accounts of NiTi foams created by the space-holder
method describe materials with equiaxed pores. However, inter-
connected elongated pores or micro-channels would more closely
mimic the internal pore architecture of bone and could be used to
tailor the implant mechanical properties (in particular, stiffness,
strength and ductility) by controlling their orientation [50]. More-
over, micro-channels provide unobstructed access for the penetra-
tion of bone deep into the implant, unlike fenestrations between
rounded pores that can restrict access from one pore to another,
as discussed in Ref. [8]. Recent work by Dunand and co-workers
[51–53] demonstrated a novel technique for creating metallic foams
with elongated, interconnected micro-channels: low-carbon steel
wires woven into meshes were used as permanent space-holders
in commercially pure titanium and alloyed Ti–6Al–4V and were re-
moved electrochemically after the powder densification step. Iron
diffused a few tens of micrometers around the wires into the tita-
nium matrix, and this Fe-rich zone could be removed along with
the space-holder to increase the final micro-channel diameter. Con-
versely, if the steel was first carburized, titanium carbide (TiC)
formed at the steel/titanium interface inhibiting Fe diffusion, so that
the micro-channels exactly replicated the wire diameter.

In this work, we demonstrate the use of steel wire meshes as
space-holders for the fabrication of porous shape-memory NiTi. This
technique, which to date has been used only for Ti and Ti–6Al–4V
[51–53], permits an unprecedented degree of control over the final
pore characteristics in NiTi, enabling for the first time the fabrication
of porous NiTi with elongated, aligned, and orthogonally intercon-
nected micro-channels and a fully densified matrix. These porous
structures possess a microstructure, phase transformation, and
mechanical behavior suitable for load-bearing bone implants.
2. Experimental procedures

2.1. Materials

To avoid compositional fluctuations from the use of elemental
powders, pre-alloyed NiTi powders (from Special Metals Corp.,
NY) with a nominal composition of 48.6 at.% Ni and 99.9% purity
were used as in previous research [8,27,49]. The powders, which
were sieved to a size range of 63–177 lm, are nearly spherical in
shape and have a smooth surface and small satellites (Fig. 1a), sug-
gestive of fabrication by liquid spraying.

The space-holders were low-carbon steel wire meshes woven in
an orthogonal pattern. Two types of meshes (supplied by McMas-
ter-Carr, Elmhurst, IL) were used, resulting in different final poros-
ities: the first consisted of 356 lm diameter wires spaced 711 lm
apart with an open area of 44% (referred to hereafter as ‘‘coarse
meshes’’, Fig. 1b); and the second had 406 lm diameter wires
spaced 432 lm apart with an open area of 27% (referred to as ‘‘fine
meshes’’, Fig. 1c). The meshes were embedded in pure carbon pow-
ders within steel envelopes and pack-carburized at 960 �C for 2 h.
The goal of this operation was to supply enough carbon to the wire
so that a TiC surface layer could form at the steel/NiTi interface
during hot-pressing to prevent interdiffusion between the two
phases, as shown previously for Ti and Ti–6Al–4V [51–53].

2.2. Composite densification

Three composites were made by pouring layers of NiTi powders
alternating with meshes (cut into disks with 25 mm diameter) into
a 25.4 mm diameter die, resulting in �14 mm tall cylindrical steel/
NiTi composites after powder densification. Prior to pressing, the
TZM die and pistons were coated with boron nitride to reduce fric-
tion. Parallelism of the meshes was ensured by manually compact-
ing and leveling each individual layer of NiTi powders.

For the first NiTi/steel composite, five layers of 3 g of NiTi pow-
ders were poured, alternating with four coarse steel meshes. Each
mesh has been carburized for a different time: 0, 2, 5, and 9 h. This
composite, and the porous specimens created from it, are labeled
hereafter as C for ‘‘carburization’’ (since it was used to determine
the effect of carbon content).

A second composite was created by pouring 19 layers of 1.74 g
of NiTi powders alternating with 18 fine steel meshes previously
carburized for 2 h. To achieve in-plane isotropy, the orientation
of the meshes was varied in the following order: 0�, �15�, +15�,
�30�, +30�, �45�, �38�, +38�, �23�, +23�, �8�, +8�, 0�, �15�, +15�,
�30�, +30�, �45�, 0�. This composite and specimens cut from it
are labeled HP (for ‘‘high porosity’’). Likewise for the third compos-
ite (called LP, for ‘‘low porosity’’), 18 layers of 2.1 g of NiTi powders
were poured into the die, alternating with 17 coarse meshes ori-
ented in the same isotropic manner. The amounts of NiTi powders
between each mesh for the LP and HP composites were chosen
such that the distance between the meshes after powder densifica-
tion was the same (�50 lm) for both samples. Thus, the final
porosities are predicated solely on the wire area density of the
two types of meshes used, not on the thickness of dense NiTi be-
tween the meshes. Lastly, a monolithic NiTi control sample was
made by the same method without steel meshes.

The mesh/powder preforms were densified by hot-pressing at
1020 �C (below the >1100 �C eutectic point in the Fe–Ni–Ti ternary
system [54]). For specimen HP, a uniaxial pressure of 40 MPa was
applied for 3 h, followed by an additional 3 h at 60 MPa to com-
plete densification. For specimens LP and C and for the monolithic
control sample, a pressure of 60 MPa was applied for 3 h. The hot
press, which is described in more detail elsewhere [55], was evac-
uated to 10�6 torr residual pressure. Densification was monitored
continuously using a displacement transducer and deemed com-
plete when the piston displacement became negligible. The densi-
fied composites were then cooled at very low stress (�0.5 MPa) to
room temperature in vacuum over �3 h.

Several 5 � 5 � 10 mm parallelepipeds were cut from the hot-
pressed composites by electric discharge machining (EDM), expos-
ing the steel wires to their surfaces and with their long sides



Fig. 1. Scanning electron micrographs of (a) the initial NiTi powders, (b) a coarse
steel mesh space-holder, and (c) a fine steel mesh space-holder.
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perpendicular to the wire mesh plane (as shown after space-holder
removal in Fig. 2).
2.3. Steel dissolution

The steel wires were removed electrochemically from the as-
machined steel/NiTi composites. The cathode was a 500 lm thick
sheet of commercially pure titanium (CP-Ti) wrapped around the
inside of a glass beaker to create a uniform radial potential field.
The steel/NiTi composites were attached with nylon wire to a
CP-Ti anode and immersed in an electrolyte in the glass beaker.
A voltage potential was supplied across the electrodes by a DC
power source, allowing for the selective removal of the less noble
steel space-holder. The beaker was placed in a sonicator to help re-
move any loosely adhering iron oxide formed by the electrochem-
ical reaction and to supply fresh electrolyte to the reaction
surfaces. Dissolution progress was assessed by periodically mea-
suring the mass loss and comparing to the original mass fraction
of steel. Furthermore, discolouration of the NiTi indicated the point
when all steel had been removed and the NiTi was no longer
cathodically protected from corroding.

Various combinations of electrolytes and voltages were tested
on composite C to optimize the space-holder removal. The electro-
lytes investigated were saturated sodium chloride solutions con-
taining 0–10% acetic acid. The voltage ranged from 0.5 to 1.5 V.
The best dissolution results were obtained with an electrolyte con-
taining 3% acetic acid under a voltage of 0.8 V and these parame-
ters were used for space-holder removal in composites LP and HP.

2.4. Microstructural characterization

The carbon contents of the meshes used in specimens C, LP, and
HP were measured by wet chemical analysis on �1 g samples. The
iron content of specimens LP and HP after wire dissolution was
measured by atomic spectroscopy on �1.5 g samples. Both analy-
ses were performed by Wah Chang Analytical Laboratory Services
(Albany, OR). Scanning electron microscopy (SEM) and optical
microscopy (OM) were performed on samples that had been
ground with 320 lm grit sand paper and then polished with 9, 3
and 0.5 lm diamond and alumina suspensions. Concentration pro-
files of Fe, Ti, Ni, and C in the NiTi matrix were measured along a
direction perpendicular to the micro-channel wall for samples C,
LP, and HP by energy dispersive X-ray (EDX) spectroscopy. The
channels of these samples had been infiltrated with epoxy resin
to contrast the channel surface. Quantitative composition mea-
surements were made by EDX at a working distance of 10 mm,
an accelerating voltage of 15 kV, and a counting time of 300 s, with
Ni–51.4 at.% Ti and pure Fe samples used as calibration.

The total porosities of the samples were calculated from mass
and volume measurements, using 6.45 g cm�3 as the density of
NiTi [56]. Closed porosity was measured by helium pycnometry
and open porosity was calculated as the difference between total
and closed porosity.

The phase transformation behavior was recorded by differential
scanning calorimetry (DSC) performed under nitrogen cover gas
and at heating/cooling rates of 5 K min�1. The test samples
weighed �20 mg and were cut with a diamond saw. For each sam-
ple, two consecutive DSC cycles ranging from �60 to 170 �C were
performed and the second was used to measure the transformation
enthalpies (from the areas under the peaks) and the austenite-start
and -finish (As and Af) and martensite-start and -finish (Ms and Mf)
temperatures (by extrapolating the intercepts of the tangents of
inflection points with the baseline).

2.5. Mechanical properties characterization

Compression testing of the porous samples was performed on a
screw-driven load frame with strain calculated from cross-head
displacement after correcting for machine compliance. To obtain



Fig. 2. Scanning electron micrographs of machined compression specimens of (a) sample LP and (b) sample HP. Intersections between two orthogonal micro-channels are
shown at higher magnification for (c) sample LP and (d) sample HP.

Table 1
Carbon contents of the steel meshes, and resulting TiC formation in the corresponding
steel/NiTi composites.
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accurate stiffness measurements, an extensometer attached
directly to the samples was used at strains up to �5%. To assure
parallelism, an alignment cage was used. Prior to mechanical test-
ing, the specimens were polished with 600 lm grit sandpaper to
remove any surface oxides formed during the EDM process. To en-
sure that the samples have a fully martensitic microstructure, they
were annealed for 15 min at 130 �C in air, cooled to and maintained
at room temperature for 20 min, immersed in liquid nitrogen for
3 min, and warmed to and maintained at room temperature for
20 min.

A first set of samples (HP and LP) was subjected to a series
of load–unload–recovery cycles at a cross-head speed of 0.05 mm
min�1. The specimens were deformed in uniaxial compression at
ambient temperature to a maximum strain of emax, then unloaded,
removed from the cage, and heat-treated as before the test. The
specimen dimensions were measured before loading, after unload-
ing, and after the subsequent shape-memory recovery heat-treat-
ment. The load–unload–recovery cycles were repeated several
times with emax starting at 1% and increasing by 1% for each consec-
utive cycle until a load drop was observed. Monotonic compression
tests were performed on a second set of samples (HP, LP and con-
trol) at a cross-head speed of 0.15 mm min�1, where the specimens
were loaded until failure occurred.
Mesh type Specimen Carbon content (wt.%) TiC layer

Coarse C 0.063 No
Coarse C 0.370 Yes
Coarse C 0.410 Yes
Coarse C 0.820 Yes
Coarse LP 0.600 Yes
Fine HP 0.052 No
3. Results

3.1. Mesh carburization

Table 1 shows the carbon contents of the four meshes used in
sample C along with the meshes used in samples LP and HP. The
carburization was successful for meshes used for sample LP but
not for those used in sample HP, as further evidenced by a lack
of TiC formation at the micro-channel walls in that sample. Fur-
thermore, sample HP showed a significantly higher average iron
content (1.22 wt.%) than sample LP (0.14 wt.%).

In sample C, no difference was observed in the EDX profiles for
meshes carburized for 2, 5, or 9 h, so the 2 h carburization time was
chosen for the meshes used in samples LP and HP. Fig. 2 shows
that, for both carburized and uncarburized meshes (samples LP
and HP), the final micro-channel diameter was the same as that
of the initial steel wire. Fig. 3a plots the Fe, Ti, and Ni concentra-
tions in the NiTi matrix next to a carburized mesh (as in sample
LP), showing a Ti peak at the channel wall and effectively no Fe
in the NiTi matrix. The C profiles are omitted in Fig. 3 because they
are distorted by C signals emanating from the epoxy resin in the
channels. However, C peaks were clearly visible at the steel/NiTi
interface before dissolution of the carburized meshes. The Ti and
C peaks indicate that a layer of titanium carbide (TiC, which is
the only compound in the Ti–C system [57]) formed at the wire
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surface, which is also visible by optical microscopy (inset of
Fig. 3a), and prevented the diffusion of Fe into the NiTi, as previ-
ously observed in Ti [51] and Ti–6Al–4V [52]. No such peaks were
observed at micro-channels produced from uncarburized meshes
(as in sample HP, Fig. 3b) and Fe diffused into the NiTi matrix to
a distance of �40 lm. The arrows in the inset optical micrographs
in Fig. 3a and b show the approximate locations of the line scans
and are marked to indicate the positions of the individual quanti-
tative analyses shown in Fig. 3c and d.

Fig. 3c shows the Ni content (from quantitative EDX measure-
ments with an estimated error of ±0.2 at.%.) in sample LP as a func-
tion of distance from the channel wall. The TiC layer is �7 lm thick
(from Fig. 3a) and surrounded by �40 lm of Ni-rich NiTi due to Ti
depletion, which results from Ti consumption by the adjacent TiC
region. The TiC coats the channel walls, thus preventing any poten-
tial Ni leaching. The widths of the data points indicate the approx-
imate beam diameter and emphasize that the measurements are
averages over a spot with �8 lm diameter. In Fig. 3d, the Fe and
Ni compositions (from quantitative EDX measurements) in sample
HP produced with uncarburized meshes are plotted together with
a Fe line scan (from Fig. 3b), showing that Fe replaces Ni in the NiTi
lattice, as previously documented in bulk NiTi [58,59]. Thus the
(Ni, Fe)Ti material adjacent to the channel wall is Ni depleted as
compared to the original NiTi. (Ni, Fe)Ti near the micro-channels
containing >5.7 at.% Fe does not transform within the temperature
range of the DSC cycle (�60 �C to 170 �C) [60]. As the Fe content
decreases farther from the channels, (Ni, Fe)Ti will only partially
transform within these temperatures via the two-step
Fig. 3. EDX line scans across the NiTi matrix starting at the walls of micro-channels cr
(sample C). (c) Nickel concentration profile in sample LP measured by quantitative EDX. (d
with the iron line scan (shown in (b)) superimposed. The width of the data points in (c)
the micro-channel walls. The arrows in the inset optical micrographs of cross-sections o
directions of the line scans and are marked with the locations of the quantitative EDX m
B2 ? R ? B190 transformation because the Ms temperature (corre-
sponding to the R ? B190 peak) quickly drops below �60 �C
[60,61]. As illustrated in Fig. 3d, the thickness of the non-
transforming layer is �11 lm, surrounded by �29 lm of partially
transforming (Ni, Fe)Ti with <5.7 at.% Fe.

Since the formation of TiC results in Ti-depletion in the adjacent
material, it is expected that the Ni-content be highest at the TiC/
NiTi interface [62] (indicated by the left vertical dashed line in
Fig. 3c). Similarly a maximum in the Fe content is expected at
the channel wall (located at the origin in Fig. 3d). As the EDX mea-
surements are inaccurate near the interface because of the finite
width of the electron beam, expected trends are shown as dotted
gray lines in Fig. 3c and d.

3.2. Mesh removal and micro-channel morphology

Acetic acid was shown to be more effective than other common
acids in experiments done on CP-Ti containing embedded steel
wires [51]. In the present study of NiTi, it was also found that
the addition of acetic acid to the sodium chloride solution (which
was used previously for Ti–6Al–4V [52]) accelerated the dissolu-
tion of the steel. The optimal dissolution parameters were found
to be an electrolyte consisting of 3% acetic acid in a saturated so-
dium chloride aqueous solution and a voltage of 0.8 V. In general,
increasing the voltage and/or acid content resulted in pitting corro-
sion of the NiTi matrix, while reducing the voltage slowed the reac-
tion kinetics. Reducing the acid content below 3% resulted in the
deposition of iron oxide on the NiTi surface. Using these
eated by (a) a carburized steel wire (sample C) and (b) an uncarburized steel wire
) Iron and nickel concentration profiles in sample HP measured by quantitative EDX,

and (d) corresponds to the approximate beam width. The origins of all graphs are at
f the channel/matrix interfaces in (a) and (b) illustrate representative locations and

easurements.
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parameters, the steel dissolution in 5 � 5 � 10 mm samples of
composites LP and HP was complete after �25–35 h.

Samples LP and HP have an average total porosity of 23.7 ± 0.3%
(23.3 ± 0.3% open porosity) and 33.5 ± 0.1% (33.4 ± 0.1% open
porosity), respectively. Expected open porosities of the samples
were calculated from the physical parameters of the space-holder
meshes. The calculated values (23.6% and 30.3%) match the exper-
imentally measured porosities (23.3% and 33.4%, respectively).
Small differences may arise due to powder losses while assembling
the preform.

The monolithic control sample has a closed porosity of
0.2 ± 0.1%. Thus, there is near-zero closed porosity, as confirmed
by Fig. 2a–d, which depicts a fully densified NiTi matrix. These fig-
ures illustrate that the networks of channels faithfully replicate the
steel meshes (shown in Fig. 1b and c). The channels extend
throughout the sample and are interconnected in two directions
(i.e., in the planes of the individual meshes). Fig. 2c and d shows
the intersections between two orthogonal channels, illustrating
that the fenestration connecting them has a size comparable to
the channel diameter. The micro-channels in both samples have
a dimpled surface resulting from the indentation of the steel wires
by the NiTi powders during hot-pressing.

3.3. Phase transformations

DSC thermograms of samples LP and HP, the initial NiTi pow-
ders, and the monolithic NiTi control sample are displayed in
Fig. 4. The NiTi powders show a secondary peak overlapping
slightly with the primary peak, indicating the presence of an inter-
mediate R-phase. All other samples (LP, HP and the control) show a
single peak during heating and cooling, most probably because of
the annealing occurring during the hot pressing operation [63],
so that the transformation from the austenite to the martensite
Fig. 4. DSC thermograms of the as-received NiTi powder, monolithic control
sample, and samples LP and HP. The vertical dashed lines indicate room and body
temperatures.

Table 2
Phase transformation parameters of NiTi specimens and powders.

Specimen Enthalpy (J g�1) Transformation temperatures (

Heating Cooling As Af

Powder 24 ± 0.1 23 ± 0.7 54 ± 0.3 90 ± 0.5
Monolithic 24 ± 0.8 24 ± 1.1 65 ± 1.7 86 ± 1.4
LP 17 ± 0.9 16 ± 1.1 46 ± 3.0 69 ± 2.1
HP 15 ± 0.5 15 ± 0.5 43 ± 2.4 73 ± 1.8
phase occurs in a single step. Table 2 summarizes the transforma-
tion enthalpies and temperatures of each sample, along with the
austenitic and martensitic transformation intervals (Af–As and
Ms–Mf, respectively) and the peak-to-peak hysteresis (Ap–Mp).
The porous specimens differ from the monolithic control specimen
in the following: (i) lower transformation enthalpies; (ii) decreased
transformation temperatures; and (iii) broader martensitic and, to
a lesser extent, austenitic transformation intervals. Sample HP has
slightly lower enthalpies and broader austenitic and martensitic
transformation intervals than sample LP.
3.4. Compressive and shape-memory properties

Compressive stress–strain curves for samples LP and HP tested
under monotonic loading conditions are shown in Fig. 5. Sample LP
reaches a stress of 600 MPa at a strain of 9% before the stress drops.
For sample HP, these values are 420 MPa and 8%, respectively. Both
samples exhibit a region between �100 and �250 MPa over which
the slope is reduced. Fig. 6 shows the load–unload–recovery cycles
for samples LP and HP, with curves shifted along the x-axis for clar-
ity. Sample LP showed a stress drop during the seventh cycle after
�6.5% strain, while sample HP underwent five cycles before dam-
age in the sixth cycle at �6% strain led to a stress drop.

The load–unload–recovery cycles were used to determine load-
ing stiffness, unloading stiffness, elastic recovery strain (eel), super-
elastic recovery strain (ese), thermal recovery strain (erec), and
residual plastic strain (epl) as a function of the maximum applied
strain (emax), with emax = eel + ese + erec + epl. For each strain cycle,
the x-intercept of the linear extension of the unloading elastic
regime (described in the next paragraph) was found. The distance
between this point and the maximum strain is the elastic strain,
while the difference between this point and the strain after
�C) Transformation intervals (�C)

Ms Mf Ap–Mp Af–As Ms–Mf

61 ± 0.4 28 ± 0.3 26 ± 0.5 37 ± 0.6 33 ± 0.5
53 ± 1.4 36 ± 0.6 33 ± 2.4 21 ± 2.2 16 ± 1.5
39 ± 1.7 18 ± 3.1 30 ± 2.6 23 ± 3.7 21 ± 3.5
41 ± 1.1 10 ± 1.7 31 ± 4.6 30 ± 3.0 32 ± 2.1

Fig. 5. Compressive stress–strain curves of samples LP and HP under monotonic
loading.



Fig. 6. Compressive stress–strain curves during load–unload–recovery cycles of (a)
sample LP and (b) sample HP. The individual cycles are shifted along the x-axis for
clarity. The numbers above each cycle indicate the maximum applied strain, while
the arrows at the bottom of each cycle refer to the fraction of strain recovery during
the annealing treatment (with respect to the plastic strain remaining after
unloading).

Fig. 7. Plots of elastic recovery strain (eel), superelastic recovery strain (ese), thermal
recovery strain (erec), and residual plastic strain (epl) as a function of maximum
applied strain for samples LP and HP.

Fig. 8. Plots of loading and unloading stiffness values as a function of maximum
applied strain for samples LP and HP. The shaded region shows the range of stiffness
values for cortical bone [9].
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unloading (but before annealing) is the superelastic strain. The
thermal strain recovery was determined from the difference in
sample height before and after the 130 �C anneal. Similarly, the
residual plastic strain was calculated from the difference in sample
height prior to compression testing and after annealing. Strain
recovery due to the shape-memory effect was observed for each
cycle and was in the range 87–97% of the residual plastic strain
for sample LP and 77–94% for sample HP (shown in Fig. 6). Fig. 7
depicts the various components of the maximum applied strain
and shows that the elastic and superelastic recoveries, which com-
bined make up the strain recovered upon unloading, are signifi-
cantly lower than the thermal recovery at high applied strains. At
low applied strains, however, the unloading recovery (sum of elas-
tic and superelastic strains) is larger than the thermal recovery.
The residual plastic strain remains negligible up to 4% applied
strain, increasing slowly for higher strains.

The loading stiffness was determined from the slope of a best fit
line in the stress range 20–40 MPa, below which sample settling
effects may occur, and above which non-linearity can appear. This
range of stress values contains the inflection point between
concavity (due to settling effects below 20 MPa) and convexity
(due to the onset of stress-induced detwinning at stresses above
�40 MPa) and thus represents the portion of the stress–strain
curve with the highest slope. Even in this narrow range, detwin-
ning and possibly plastic deformation at stress concentrations
may contribute to the measured strain, so the stress/strain slope
is not a true Young’s modulus but rather an effective stiffness.
The unloading stiffness was measured in a similar fashion. All
unloading stresses above rmax �10 MPa were ignored to avoid
the small stress drop upon unloading due to machine mechanical
hysteresis. Again, a 20 MPa interval was used to determine the
stiffness from the slope of a best-fit line and stresses below rmax

�30 MPa were not used. The error associated with these stiffness
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measurements is relatively large, and is estimated to be ±3 GPa.
Fig. 8 shows the loading and unloading stiffness as a function of
the maximum applied strain, for each of the load–unload–recovery
loops. For both samples, the loading stiffness stays fairly constant
regardless of the prestrain that has been applied. Sample LP exhib-
its a loading stiffness that is �6–11 GPa greater than that of sample
HP. The unloading stiffness of both samples increases steadily with
maximum applied strain, and is higher than the loading stiffness
by �5–20 GPa. Lastly, the loading stiffness of the monolithic sam-
ple was measured to be 65 GPa from a best-fit line in the same
range of stress values (20–40 MPa) as for the other specimens. This
value is within error of previous measurements reported for mar-
tensitic NiTi (68 ± 5 GPa [6]).

Since twin motion and creation upon loading can reduce the
apparent stiffness of NiTi foams in the linear range of the stress–
strain curve, attempts were made at measuring the true Young’s
modulus ultrasonically using 5 MHz contact transducers. Due to
the transversely isotropic pore architecture, measurements were
needed along principal and non-principal directions. However,
these tests were unsuccessful because wave scattering from the
large channels was too strong, making it impossible to distinguish
the signal peaks along non-principal directions.
4. Discussion

4.1. Processing method

The use of steel space-holders, as compared to the other tempo-
rary or permanent space-holders previously used for NiTi (i.e.,
ammonium bicarbonate [44–46], polymethyl methacrylate [40],
saccharose [40], sodium chloride [8,40,48], sodium fluoride [49]
and magnesium [47], as reviewed earlier) is motivated by several
factors. First, steel is inexpensive and can be very easily formed
into ductile wires of various diameters and cross-sectional shapes
that can be woven into meshes; this allows for easy tailoring of the
pore (or micro-channel) fraction, size, shape, orientation and
connectivity. Second, steel has a sufficiently high melting point
(Tm = 1370 �C) to remain in the solid state during densification by
hot-pressing of NiTi powders, so that the space-holder shape is
retained during pressure densification. Third, a mechanism for
externally driven removal of the space-holder (rather than equilib-
rium dissolution or evaporation) exists that relies on the different
electrochemical responses of steel, which actively dissolves, and
NiTi, which forms a passivating oxide layer, when in contact with
each other. Fourth, diffusion of Fe in NiTi is slow enough that Fe
contamination of the NiTi matrix is localized (Fig. 3b and d). While
such contamination may in fact be tolerated up to �6 wt.% without
disappearance of the shape-memory effect [60] and may even be
desirable to create some (Ni, Fe)Ti superelastic regions around
the micro-channels, it can be fully inhibited by carburizing the
steel so it forms a protective TiC layer when in contact with NiTi
(Fig. 3a), albeit with a local decrease in Ti concentration. The latter
decrease could be eliminated by depositing a TiC (or other non-
reactive ceramic) on the wires prior to densification with NiTi
powders.

To date, only two methods have been shown to produce elon-
gated pores in NiTi. The first is SHS from elemental Ni and Ti pow-
ders, which forms channels in the direction of the propagating
wave [35]; however, in addition to the drawbacks of SHS men-
tioned earlier, it is also difficult to control the pore characteristics,
in particular interconnectivity. The continuous zone melting tech-
nique has also been successful in producing elongated pores in NiTi
[64]. Here, hydrogen gas is first dissolved under high pressure into
a NiTi melt and, during directional solidification, is rejected at the
solid/liquid interface to form cylindrical pores aligned in the
solidification direction. Control over pore size and volume fraction
is achieved by altering the hydrogen partial pressure but is more
limited than for the space-holder technique; pore orientation is
dictated by the solidification gradient and cannot achieve complex
structures such as the orthogonal arrays of micro-channels demon-
strated here. Finally, the use of hydrogen gas under high pressure
and elevated temperature creates safety issues. Compared to the
fabrication of NiTi scaffolds by LENS [41] and SLS [42], which allow
high control over the cellular architecture by utilizing computer-
aided design (CAD) to construct an object layer-by-layer, the pres-
ent technique presents the advantage of being much simpler and
inherently parallel, with micro-channels created simultaneously
from all directions during steel dissolution. Moreover, eliminating
closed porosity within the NiTi struts remains a challenge in LENS
and SLS due to incomplete sintering of the NiTi powders. In the
present technique, closed porosity is eliminated and full densifica-
tion is achieved by applying pressure during the high-temperature
sintering. A disadvantage of the present technique compared to
SHS, continuous zone melting, LENS, and SLS is the higher number
of processing steps involved.

4.2. Effect of mesh carburization

Table 1 shows that the steel carbon content necessary for the
formation of TiC lies between 0.06 and 0.37 wt.%. As previously
demonstrated for steel wires embedded in CP-Ti [51] and Ti–
6Al–4V [52], formation of a TiC layer at the steel/NiTi interface pre-
vented iron from diffusing into the NiTi. All three carburized steel
meshes in sample C produced TiC interfacial layers with a thick-
ness of �7 lm (as shown in the inset of Fig. 3a) regardless of car-
bon content. The effects of TiC on the biocompatibility of NiTi have
not yet been assessed, but improved osseointegration has been re-
ported when TiC was present at the surface of titanium substrates
[65]. Also, presence of TiC particles within NiTi does not affect sig-
nificantly its shape-memory or superelastic properties [66,67].

The effects of using uncarburized steel meshes were quite dif-
ferent for NiTi than for CP-Ti [51] or Ti–6Al–4V [52]. In the latter
two alloys, the iron-rich diffusion region surrounding the steel
wires is removed during the electrochemical dissolution, so that
the final micro-channel diameter can be tailored by controlling
the amount of iron allowed to diffuse into the matrix. In NiTi, how-
ever, the final micro-channel size matches the initial wire diameter
regardless of the amount of carburization, and the iron-containing
region is not dissolved.

The high iron content in sample HP and the absence of a TiC
layer at the channel wall agree with the low carbon content of
the meshes (whose carburization was unsuccessful). The average
iron content of sample HP is only 1.22 wt.%, but the much higher
levels of iron in the (Ni, Fe)Ti layer surrounding the micro-channels
(Fig. 3d) depress the transformation temperatures locally (i.e.,
reducing Ms by 50 K per at.% Fe [13]), as further discussed in the
context of the phase transformation and shape-memory behavior
in Section 4.4.

4.3. Microstructure

The interweaving and elongated porosity in the NiTi matrix
(Fig. 2) indicate that the shape of the meshes (Fig. 1a) is well rep-
licated. The channel diameters are within the optimal size range
for bone ingrowth (100–600 lm [4]) throughout the entire thick-
ness of the sample and show none of the constrictions associated
with fenestrations between equiaxed pores. Since the steel meshes
were permanent, rather than temporary, space-holders, collapse of
the porosity did not occur during the hot-pressing operation. How-
ever, a dimpled channel surface was created by the indentation of
the steel wire by individual NiTi powders (Fig. 2c and d). This
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dimpling is exhibited by both LP and HP samples but is more pro-
nounced in the latter, which does not display a hard TiC layer at the
wire surface. Previous research has demonstrated a positive corre-
lation between surface roughness and bone integration in titanium
implants for roughness values up to 50 lm [68], as well as between
surface roughness and osteoblast proliferation, differentiation, and
matrix production for roughness values up to 20 lm [69]. The
indentations on the channel walls of the present specimens may
thus improve implant fixation by stimulating bone growth and
providing stronger mechanical anchorage with the bone.

Closed porosity is negligible due to the application of high uni-
axial pressure (60 MPa), which progressively becomes quasi-
isostatic as densification progresses during the 3 h at 1020 �C.
Elimination of microporosity between the NiTi powders, which is
necessary for achieving high static and cyclic strengths, is signifi-
cantly better than in foams created by pressureless sintering at
similar temperatures and times [16]. Furthermore, for higher wire
contents than those used here, the NiTi walls between micro-chan-
nels will become thinner and full powder consolidation more crit-
ical to avoid channel collapse after wire removal. The present
method has the potential to fabricate foams with much higher
porosities than the current value of 34% (i.e., >50%, depending on
the arrangement of wires) with thin matrix walls that are fully
densified. Near-net shape hot-pressing of implants with complex
geometries may also be possible by using shaped dies, provided
that the steel wires are allowed to protrude to the surface so they
can be electrochemically removed without machining the surface.

The present specimens have a greater surface area than mono-
lithic NiTi, and this is known to increase the amount of Ni release
[4]. The extent of leaching of Ni, which is cytotoxic, from the sur-
faces of NiTi implants remains a controversial issue [70,71], and
several surface modifications exist to reduce this effect [4]. How-
ever, this effect is not expected to be significant in the present
specimens because their specific surface area is smaller, by a factor
of >4, than that of the commercially available porous NiTi spinal
fusion device called Actipore™ (Biorthex Inc., Montreal, QC, Can-
ada) [72]. Extensive in vitro and in vivo tests have been performed
on these uncoated high-porosity NiTi foams and the results clearly
indicated that they are non-sensitizing, non-irritant, non-toxic
[73,74] and fully cytocompatible and genocompatible [75,76]. High
bone ingrowth and strong bone/implant fixation into NiTi foams
were further demonstrated in vivo in rabbits [77] and rats [78].
Other researchers have demonstrated in a six week study on rab-
bits that no adverse reaction occurred from porous NiTi implants,
and that the ingrown bone was very similar to the surrounding
bone [7].

Moreover, the presence of Ni-depleted regions at the channel
surfaces in both specimens LP (due to the TiC layer) and HP (due
to the (Ni, Fe)Ti layer, where Fe replaces Ni) may help to decrease
the amount of Ni released from the channel surfaces. To under-
stand the effects of the Ni-rich region adjacent to the TiC layer
on the Ni release rate in specimen LP, additional experiments are
required in the future. Ni-enrichment, which results from the
migration of Ti to the adjacent TiC layer, can be prevented by coat-
ing the steel meshes with TiC prior to hot-pressing, rather than car-
burizing them. By this method, no Ti is removed from the adjacent
NiTi matrix to form TiC.

4.4. Phase transformation behavior

As shown in Fig. 4, both samples are martensitic at room and
body temperatures so that shape-memory behavior is expected.
In sample HP, the increased iron content in NiTi leads to a depres-
sion of the transformation temperatures [59,63] in the regions sur-
rounding the channels. In sample LP the same result is expected, as
carbon consumes titanium to form TiC, thereby increasing the Ni/Ti
ratio and decreasing the transformation temperatures [63,79]. The
Fe concentration gradients in sample HP (shown in Fig. 3d) lead to
a broadening of the transformation peaks, since the Fe-rich regions
in the sample transform at lower temperatures than those with
low or no Fe. The TiC in sample LP also leads to slight peak broad-
ening because of local Ni concentration gradients [62], though to a
lesser extent than in sample HP. While the formation of TiC and the
concomitant consumption of Ti close to the channel wall is incon-
sequential in unalloyed Ti [51] and Ti–6Al–4V [52], it significantly
affects the phase transformation behavior of NiTi, as seen by com-
paring the transformation temperatures and intervals of sample LP
and the monolithic control (Table 2).

By approximating the channels as straight cylinders and refer-
ring to Fig. 3c, the volume fractions of TiC and Ni-rich NiTi in the
solid matrix of sample LP are calculated to be �2% and �16%,
respectively. The enthalpy of transformation of sample LP is calcu-
lated to be 23 J g�1 from an average enthalpy for the Ni-rich region
(between 18 and 24 J g�1 from Ref. [80]) and using an enthalpy of
24.3 J g�1 for the remaining volume of bulk Ti-rich NiTi [56]. Thus
the increased Ni-content around the TiC layer should not have a
large effect on the enthalpy. Similarly, the volume fractions of
non-transforming and partially transforming (Ni, Fe)Ti regions in
the solid matrix of sample HP are calculated as �7% and �21%,
respectively. The total enthalpy of sample HP is then calculated
as 20 J g�1, using enthalpy values listed for various (Ni, Fe)Ti alloys
in Refs. [60,61,79]. Both calculated enthalpies are significantly
higher than those measured by DSC (listed in Table 2), which is
probably due to the difficulty in accurately determining the base-
line for calculating the areas of the broadened peak.

4.5. Thermo-mechanical properties

4.5.1. Maximum strength
The maximum compressive strength and strain of sample HP

with 34% porosity (420 MPa at 7.6% strain, Fig. 5) are higher than
those reported for a martensitic NiTi foam with 36% uniformly dis-
persed equiaxed pores (200 MPa at 5.3% strain) produced by HIP
densification with NaCl powder space-holders [8]. This trend is in
agreement with findings by Balla et al. [50], who used LENS to fab-
ricate CP-Ti foams with orthogonal micro-channels aligned per-
pendicularly to the loading direction and who showed that their
strength significantly exceeds that of foams with similar volume
fractions of equiaxed porosity.

Sample LP with 24% porosity has a compressive strength of
600 MPa and strains up to 8.9% before failure (Fig. 5). Again, this
is higher than the compressive strength of a 20% porosity martens-
itic foam (480 MPa) fabricated by HIP densification with NaF pow-
der space-holders [49]. However, the latter deformed to �15%
before failure and had significant closed porosity that contributed
to its low strength. The origin for the differences in mechanical
properties is difficult to pinpoint, given the very different pore
geometries, intensity of stress concentration near pores, and local
changes in matrix chemical composition (due to Fe diffusion and
TiC formation in the present samples).

4.5.2. Strain recovery
The percentages of plastic strain recovered upon heating after

each cycle are high: 90–97% for sample LP and 89–94% for sample
HP (Fig. 6), when ignoring the first loop with large relative error
and the last loop with damage. The total strain recovered (from
elastic, superelastic, and shape-memory contributions) for 6% ap-
plied strain is 94% for sample LP and 91% for sample HP. These val-
ues are very close to those recorded for NiTi foams with equiaxed
porosity of similar volume fractions created by HIP densification
with NaCl [8] and NaF [49] powder space-holders. Fig. 7 separates
the maximum applied strain during each load cycle into plastic,
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unloading recovery, and thermal (shape memory) recovery compo-
nents. The residual plastic component remains low even at high
applied strains of 6% for both samples. At low applied strains, both
the elastic and superelastic components of the recovered strain are
similar to the thermal component erec, while at higher strains the
thermal component becomes more dominant. Nonetheless, the
present specimens can recover high amounts of strain elastically
(1.2% for LP and 1.4% for HP) and superelastically (0.84% for LP
and 0.95% for HP) on unloading. Their superelastic properties prob-
ably result from the Ni- and Fe-rich regions around the micro-
channels in samples LP and HP, respectively.

The strain recovery behavior of the two samples is very similar
despite their different pore fractions and compositions. This is
explainable by the mechanical and geometrical similarities be-
tween the TiC in specimen LP and the non-transforming (Ni, Fe)Ti
region in specimen HP, as both are non-transforming materials
formed at comparable thicknesses around the channel wall. The to-
tal strain recovered by both specimens remains high despite the
presence of these non-transforming phases, which agrees with pre-
viously published results on NiTi–TiC composites with high vol-
ume fractions of elastic TiC particles [66].
4.5.3. Stiffness
Fig. 8 shows the evolution of loading and unloading stiffness

values during the cyclic compression tests for samples LP and
HP. For both samples, the unloading stiffness values are higher
than the loading stiffness values and increase with maximum ap-
plied strain. A similar trend has been documented for foams made
by HIP densification with NaCl space-holders [8]. The unloading
stiffness values reflect mostly elastic recovery, assuming super-
elasticity does not occur immediately upon unloading (the range
used for calculating unloading stiffness being from rmax �10 MPa
to rmax �30 MPa). On loading, however, both superelastic and
plastic components of strains are present in the sample, so the
measured stiffness is lower.

The stiffness values upon loading of sample HP (15–17 GPa) are
similar to those of cortical bone (12–17 GPa [9]), making this
porous NiTi material very suitable for bone implant applications.
Sample LP, on the other hand, has higher loading stiffness values
(22–26 GPa) which exceed those recorded for foams with 32–36%
equiaxed porosity created by HIP densification with NaCl space-
holders (4–6 GPa) [8]. It has been shown in CP-Ti that LENS-
fabricated foams with elongated and orthogonal micro-channels
aligned normal to the loading direction are stiffer than titanium
with equiaxed pores [50]. Moreover, in the present NiTi foams,
the elongated pores surrounded by a non-transforming, elastic re-
gion (TiC or (Ni, Fe)Ti) should produce lower stress concentrations
than the blocky pores produced from NaCl powders, thus delaying
the onset of detwinning.
5. Conclusions

Woven steel meshes are used as space-holders for the fabrica-
tion of nickel–titanium (NiTi) shape-memory alloys with intercon-
nected micro-channels in a two-step process. First, NiTi powders
are hot-pressed around stacks of space-holders to produce steel/
NiTi composites. Second, removal of the steel is performed by elec-
trochemical dissolution, resulting in stacked, two-dimensional net-
works of cylindrical micro-channels that replicated the original
wire meshes. This method permits independent control over the
volume fraction, size, morphology, and orientation of micro-
channels created in NiTi.

Prior carburization of the meshes results in the formation of a
thin TiC layer at the steel/NiTi interface during densification that
lines the surfaces of the micro-channels after steel dissolution
and prevents the diffusion of iron into the NiTi matrix but also
causes titanium depletion in the adjacent NiTi matrix. Without car-
burization, interdiffusion occurs between the steel and the NiTi,
causing iron enrichment of the NiTi matrix near the micro-
channels. In both cases, the transformation temperatures are de-
creased in the affected regions, which can thus become superelastic.

Two specimens with 24% and 34% open porosity were created
with channel diameters of �400 lm. They retain high compressive
strengths and ductility as well as shape-memory recovery and
partial superelastic recovery capabilities, while exhibiting low
stiffness, comparable to that of cortical bone. These properties –
combined with the biocompatibility of NiTi and the ability for
the micro-channels to be osseointegrated – make these porous NiTi
structures attractive for bone implant applications.
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Appendix A. Figure with essential colour discrimination

Certain figure in this article, particularly Fig. 3, is difficult to in-
terpret in black and white. The full colour images can be found in
the on-line version, at doi:10.1016/j.actbio.2010.11.038.
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