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Abstract—Transformation superplasticity of an intermetallic Ti;Al-based alloy (Super «,) is demonstrated
by thermal cycling about the a,/f transformation temperature range under a uniaxial tensile biasing stress.
Failure strains up to 610% were recorded at a stress of 3 MPa, compared with 110% for deformation by
isothermal creep at the same stress. The strain increment produced during each half-cycle is determined as
a function of applied biasing stress, thermal cycle amplitude, and cycling frequency. Since internal stresses
are generated both by transformation mismatch and by thermal expansion mismatch between the two coex-
isting phases, an effective volume mismatch is defined to account for both contributions. Introduction of
this parameter into existing continuum-mechanics models results in good agreement with experimental data
in both the low-stress regime, where cycling strain rate and stress are proportional, and the high-stress
regime where the stress sensitivity is increasing. Cycling strain increments at various temperature ampli-
tudes and cycling frequencies are considered in terms of the equilibrium thermodynamics and transform-
ation kinetics of Super «,. Finally, thermal cycling produces ratcheting, where texture and crystallographic
orientation of the f/x, transformation front affect the direction of ratcheting strains. © 1998 Acta Metal-
lurgica Inc. Published by Elsevier Science Ltd. All rights reserved.

1. INTRODUCTION produced after each transformation, Ae, and the

externally-applied biasing stress, g. For the case of
a material relaxing internal stresses by creep, they
derived the following expression, valid only at low
applied stresses (6<<a,):

Internal-stress plasticity is a deformation phenom-
enon observed in crystalline solids upon generation
of internal stress in the presence of an external bias-
ing stress [1, 2]. Internal stresses can be created by a
polymorphic phase transformation between two
phases of different density. The transformation mis-
match stresses are biased in the direction of the
applied external stress and deformation occurs by a
mechanism such as time-independent plastic yield
(e.g. Fe [3,4], Co [3,5]) or time-dependent creep
(e.g. Ti [3,6], Zr [3,7]). In the absence of a biasing
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where AV/V is the volume mismatch between the
two phases, o, is the time- and space-averaged in-
ternal stress in the weaker phase during a full trans-
formation, and 7 is the stress exponent for creep of

stress, an excursion through the transformation
range and back results in no net deformation of the
material, except when a sharp transformation front
exists, as for thermal ratcheting of uranium [8,9].
However, application of an external load biases
internal mismatch stresses, resulting in a finite,
irreversible strain increment on each thermal cycle
about the transformation range. These strain
increments can often be accumulated without
fracture to tensile strains in excess of 100%, a phe-
nomenological requirement for transformation
superplasticity [1, 2].

Greenwood and Johnson [3] developed a widely
accepted continuum-mechanics model of transform-
ation superplasticity which predicts a linear re-
lationship between the plastic strain increment

+To whom all correspondence should be addressed.

the weaker phase. Because transformation super-
plasticity does not require grain boundary sliding
(as does microstructural superplasticity), poly-
morphic materials with large grain sizes and with
stress exponents larger than unity under isothermal
conditions can be deformed to very large strains
under thermal cycling conditions [7].

The model of Greenwood and Johnson was
extended by Mitter [10] to larger applied stresses,
where the relationship between the biased trans-
formation strain increment, Ae, and the applied
stress, g, is given by:

3 9 9 (1=n)/2-n
o= |a-n- (1450 -300) ] @

where the bar notation indicates an average over a
spherical volume element and the dimensionless
values 5, 0, and y are defined as [7, 10]:
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with ¢ as the biasing stress in the z-direction and
(AV/V).. the zz-component of the volume mismatch
tensor. The volume integral of equation (2) cannot,
in general, be solved in closed form, and so must be
solved numerically for a given strain increment and
stress exponent [7,10]. At low applied stresses, this
model approaches the linear relationship given by
equation (1).

Transformation plasticity can potentially be
exhibited by any material which undergoes a solid
state phase transformation with a non-zero volume
mismatch, AV/V. It has been studied in pure
metals [3, 5, 7], alloys (steel [11], Ti-6A1-4V [12, 13]),
metal matrix composites [6,13,14], ceramics [15],
and ceramic matrix composites [16]. We are aware
of only two studies on transformation plasticity of
intermetallic-based materials. Zwigl and
Dunand [17] investigated the intermetallic matrix
composite NiAl/ZrO,, where the transformation of
the ceramic reinforcement enhanced the creep defor-
mation of the non-transforming intermetallic
matrix. While the material obeyed equation (1),
relatively small failure strains (<25%) were reached
because of fracture at the sample heads. Hornbogen
and Wassermann [18] examined the compressive
and tensile behavior of intermetallic f-brass under
repeated formation of a martensitic phase. Because
of work-hardening during thermal cycling, they
achieved only about 2% total strain under a con-
stant applied stress. To the best of our knowledge,
no study to date has demonstrated transformation
superplasticity of an intermetallic compound, under
tensile stress and with failure strains greater than
100%.

TisAl-based intermetallics are considered good
candidates for high-temperature structural appli-
cations, but their technological implementation is
hindered by their low ductility at low
temperatures [19]. Superplastic deformation is thus
of considerable interest for these and other interme-
tallics which present difficulties for traditional form-
ing methods. In the present work, we demonstrate
transformation superplasticity of a Ti;Al-based
intermetallic alloy (Super o,) and characterize its
superplastic strain increment in terms of applied
stress and thermal cycle amplitude and frequency.

2. EXPERIMENTAL PROCEDURE

Sheets of 3 mm thick Super o, titanium aluminide
with nominal composition Ti—25A1-10Nb-3Mo-1V
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(at.%) were acquired from Sulzer Innotec,
Switzerland. In the as-received state [Fig. 1(a)], the
material exhibits a two-phase microstructure typical
of rolled TizAl-based alloys, with approximately
equal fractions of o, and /B2 phases [20,21]. Flat
tensile specimens were electro-discharge machined
with gauge length of 18 mm parallel to the rolling
direction, and surface oxide was removed by light
polishing.

Prior to dilatometry and high-temperature mech-
anical tests, all specimens were annealed in argon
for 75 min at 1150°C (well within the p-field of
this alloy) to promote the evolution of a large f§
grain structure [22]. Dilatometry was performed in
vacuum with a Quenching and Deformation
Dilatometer (from MMC, Westbury, New York) at
a scan rate of 10 K/min. Creep and thermal cycling
experiments were performed in a custom-built creep
frame described in Ref. [7]. The apparatus allowed
a controlled atmosphere of high-purity argon

(b)

Fig. 1. Optical micrographs of Super o, (a) in the as-

received state, and (b) after f-transformation at 1150°C

(75 min), cooling to 950°C at about 5K/s, annealing at

that temperature (30 min) and room-temperature quench-
ing. Light phase is the o, phase.
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(99.999% pure, further gettered by titanium powder
at about 1000°C), application of small stresses, and
rapid heating by radiant furnaces. The sample tem-
perature was controlled to within 5 K of the set-
point by a molybdenum-sheathed, R-type thermo-
couple near the sample surface, except during some
large-amplitude thermal cycles, where the lower
cycling temperature was occasionally more than 5 K
below the set-point for a brief time (short compared
to the cycle time). The accuracy of the R-type ther-
mocouple was confirmed up to 1000°C with a K-
type thermocouple in contact with the specimen
gauge.

Isothermal creep experiments were performed
under conditions of decreasing temperature and
increasing stress, with sufficient time allowed at any
given stress and temperature for the measurement
of a steady-state creep rate (SSCR). Prior to ther-
mal cycling, each tensile specimen was isothermally
crept at 1150°C until steady state was established,
in order to eliminate any contribution of primary
creep to cycling strains. Thermal cycling exper-
iments were performed with varying stress and ther-
mal cycle profiles. Rapid radiant heating with a
closed-loop temperature controller resulted in
nearly square thermal cycles (temperature ramps on
the order of 20 s duration) for all cycle amplitudes
and frequencies investigated. Four sets of thermal
cycling experiments were performed:

1. Cycles between 950 and 1150°C were applied to
investigate dependence of strain increments on
stress in the range ¢ = 0—-5 MPa with cycling fre-
quency v = 10/h.

2. Strain increments were measured as a function
of cycling frequency in the range v = 4.28-15/h
between 950 and 1150°C with ¢ = 2.0 MPa.

3. Temperature amplitude was varied with constant
o =2.6MPa and v = 10/h. The upper cycle
temperature, T, was maintained at 1150°C while
the temperature amplitude was varied in the
range AT = 50-375 K.

4. One specimen was tested to failure with thermal
cycles of v = 10/h between 950 and 1150°C. The
true stress was maintained at 3.0 +0.1 MPa up
to 150% engineering strain, after which true
stress could no longer be accurately determined
due to slight inhomogeneity of the specimen
cross-section. At this point, the stress was
adjusted to maintain a roughly uniform average
deformation rate until failure occurred. One ten-
sile specimen was isothermally crept to failure at
3.0 MPa and 1150°C for comparison.

In order to ascertain equilibrium microstructures,
two as-received samples were subjected to different
heat-treatment schedules. Each specimen was f-
annealed at 1150°C for 75 min, followed by either
quenching in ice water or cooling at about 5 K/s to
950°C (below the p-transus) where it was main-
tained at constant temperature for 30 min before
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further quenching in ice water. Metallographic
preparation consisted of mechanical grinding, pol-
ishing with diamond paste, and brief immersion-
etching in Kroll’s reagent.

3. RESULTS

The as-received microstructure of Super o,
[Fig. 1(a)] is fine and equiaxed, and has been
demonstrated to exhibit microstructural superplasti-
city at temperatures in the two-phase o+ f field
(920-1040°C) [23-27]. However, the sample heat
treated above the fS-transus (75 min at 1150°C) and
water quenched exhibited extremely coarse grains of
p phase (around 1 mm). Figure 1(b) shows the
microstructure of the specimen which was f-trans-
formed, cooled to 950°C, and held for 30 min to
guarantee an equilibrium microstructure [28,29].
This microstructure is typical of o, aluminides after
p-transformation and cooling without working in
the o, + f field [30, 31], and is composed of prior /-
grains [which are too large to be seen in Fig. 1(b)]
and Widmanstétten plates or laths of a,. The large
p grain size and the non-equiaxed morphology of o,
plates inhibit cooperative sliding/rotation of grains,
so that microstructural superplasticity can be ruled
out for all S-transformed specimens used in the pre-
sent study.

Figure 2 shows the dilatometric data of Super
o, between 75 and 450°C, with a coefficient of ther-
mal expansion (CTE) in this range of &75 450°C
=1.00 x 1075/K. Liao et al. [32] reported thermal
dilatation of Super o, to temperatures above the f-
transus, but without specifying units of dilatation.
However, the similarity of their material to that of
the present study allows us to deduce the length
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Fig. 2. Dilatation of Super o, alloy between 50 and

1250°C. Data with open circles are from the present study

(10 K/min), superimposed upon data of Liao et al. 2 K/
min) [32].
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Fig. 3. Creep of Super a, above the f-transus: (a) stress dependence of steady-state creep rate (SSCR);
(b) temperature dependence of creep parameters n and K [equation (4)], determined for ¢ (MPa) and
SSCR (/s).

changes of their specimen based on 075 450°c. In
Fig. 2 their data are fitted to o5 450-c found in the
present study over the range 7" = 350-450°C.

The SSCR of Super o, above the p-transus
(reported in Ref. [29] as 1100°C) is presented as a
function of the applied stress in Fig. 3(a). The stress
exponent n ranges from about 2.4 to 3.4 between
1100 and 1170°C, the temperature range of interest
to this study [Fig. 3(b)]. With this variable stress
exponent, the creep behavior in this temperature
range can be modeled by a simplified power-law
equation:

i=K-o" @)

where ¢ is the SSCR and K is a temperature-depen-
dent variable which accounts for the activation
energy and other variables in the full form of the
power-law equation [33]. The temperature depen-
dence of K is also shown in Fig. 3(b).

Creep data for temperatures below the f-transus
are presented in Fig. 4. In Fig. 4(a), the SSCR is

normalized by the bulk diffusion coefficient [24],
D[m?/s] = 5.9 x 1073 - exp(—330000/R - T'), where
R is the gas constant and 7T the absolute tempera-
ture. In the temperature range investigated here
(950-1050°C), the material is composed of both f
and o, phases, and the creep stress exponent is
found to be very near unity. With n = 1 in this
temperature regime, a diffusional creep equation [33]
can be used to describe the SSCR:

é:%w-exp(—%) )

where Q is the creep activation energy and A is
a constant incorporating atomic volume and grain
size. The temperature dependence of SSCR is
shown in Fig. 4(b), and indicates Q = 300 kJ/mol
and 4 = 209 K/(Pa -s) for creep of the two-phase
microstructure.

The total plastic strain increment (Ag,,) after a
half thermal cycle between 950 and 1150°C at a
frequency v = 10/h is plotted as a function of
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Fig. 4. Creep behavior of Super o, below the f-transus: (a) stress dependence of steady-state creep rate
(SSCR) (solid line is not a best-fit); (b) temperature dependence of SSCR.

applied biasing stress in Fig. 5. This strain incre-
ment is found by measuring the plastic strain
after a complete thermal cycle and assuming
equal contributions to deformation from the
heating and cooling half-cycles, following Ref. [3].
At low stresses, the stress is proportional to the
total  strain  increment per transformation
(d(Agior)/do = 0.77£0.05/GPa), while at stresses
above about 2 MPa an increasing stress sensitivity
is observed. The temperature amplitude dependence
of the effective cycling strain rate, &o; (equal to
2-Agiov), for cycles with v =10/h and o =
2.6 MPa is shown in Fig. 6, with a reference point
of isothermal creep at 1150°C, where &= 1.54x
1073/s. The total effective strain rates at tempera-
ture amplitudes in the range AT = 225-275 K were
higher than the SSCR at 1150°C, with a maximum
effective rate of 1.70 x 10™/s for AT = 250 K. The

effect of cycling frequency on Ag,, is shown in
Fig. 7 for cycles between 950 and 1150°C with
o = 2.0 MPa.

Specimens deformed to failure under comparable
stress of 3.0 MPa are shown in Fig. 8. While the
crept specimen failed with a total engineering strain
e=110%, the thermally cycled specimen reached
&=610% after 612 cycles between 950 and 1150°C
at a frequency v = 10/h.

4. DISCUSSION

4.1. Thermal dilatation and volume mismatch

Although there is an abundance of generally con-
sistent crystallographic data on the o, and f phases
of TizAl-based alloys in the literature [25, 29, 34, 35],
(AV/V),,)p determined from these data are widely
scattered (because the f and B2 phases are volume-
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Fig. 5. Stress dependence of superplastic strain per half-
cycle, Aggoy, of Super a, for cycles between 950 and 1150°C
and frequency v = 10/h.

trically nearly identical [34], the combination f/B2
is denoted by f, here and below). Since an average
bulk value for AV/V is needed for the continuum-
mechanics models of transformation superplasticity
[equations (1) and (2)], measurement of macro-
scopic dilatation during transformation is preferred.
The length change due to phase transformation,
|AL/Ll|,,)s is determined from Fig. 2 to be
0.32 +0.01%. Assuming that this represents a com-
plete transformation from o, to f, the volume mis-
match between these phases is thrice the length
change during transformation, |AV/V],, 5 =0.96%.
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Fig. 7. Superplastic strain increment per o,/ transform-

ation as a function of cycling frequency, v, for cycles

between 950 and 1150°C with ¢ = 2.0 MPa. Empty circles

are the total measured strain increments, Ag., and solid

circles are the cycling strain increments due to internal
stress and thermal ratcheting, Ag+ Ag;.

The measured CTE of Super on, 075 450°C
=1.00 x 107°/K, is in fair agreement with numer-
ous studies of stoichiometric o, TizAl (9.5-12
x 107/K) [36-39]. However, because Super o, often
contains retained f in the temperature range of
interest, direct comparison between these alloys is
not possible. The data of Liao et al. (Fig. 2) provide
the CTE of the 8 phase, oz=1.98 x 107°/K.

During thermal cycling, internal stresses are pro-
duced not only by the a,/f phase transformation,
but also by the thermal expansion mismatch
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Fig. 6. Effective cycling strain rate as a function of cycling amplitude AT for cycling frequency v = 10/

h, upper temperature 7,,=1150°C, and applied stress of 2.6 MPa. Tj is the lower cycling temperature.

Total effective strain rate, & (filled circles) as measured, and rate due only to internal stress and ther-

mal ratcheting contributions, é&s+ & (open circles) are plotted with predictions of equation (12) in
region II. 7j is the lower cycling temperature.
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Fig. 8. Super o, tensile specimens: (a) in the undeformed state; (b) isothermally crept to failure at
1150°C and ¢ = 3.0 MPa; (c) thermally cycled between 950 and 1150°C, v = 10/h, initial stress
g = 3.0 MPa.

between these two phases, which coexist for much
of the cycle. Transformation superplasticity and
other forms of internal-stress superplasticity are
mechanically similar. Thus an effective CTE volume
mismatch over a half-cycle can be defined as [40]:

av

. ©

:3~J G(f)-Ao-dT
CTE ATy

where G(f) is a term accounting for the phase
volume fraction f, Ax is the difference between the
linear CTE of the two phases, and ATy, is the tem-
perature interval over which the internal stresses
generated by the CTE mismatch produce plastic
strains. For the temperature cycles applied to Super
o, in this study, the volume fraction of the o, phase
is a function of temperature dictated by the equili-
brium thermodynamics of the system. In contrast to
other investigations of internal-stress superplasticity
(e.g. Refs [40,41]), G(f) is a function of temperature
for the present thermal cycles, so this term must be
evaluated in the integrand. Pickard and Derby [42]
have modeled the volume fraction term of
equation (6) as:

G(NH=/-0=1) ™

for the case where deformation occurs only in the
weak phase. The creep data of Figs 3 and 4 indicate
that this is a reasonable assumption for Super o,
where deformation of the weak [ phase is much
faster than that of the two-phase o,+ f§ material.
An average CTE mismatch Ao = 5.8 x 107°/K is
found by taking an average of the literature values
for the CTE of a, phase TizAl at temperatures near
the transformation [36-39], o, = 1.4 x 1073/K, and
the CTE of the f phase determined from Fig. 2
(p=1.98 x 107°/K). Equilibrium volume fractions
of the o, phase with respect to temperature are
given by Refs [23,25], which can be fitted with a
polynomial for the purposes of numerical inte-
gration. The range of integration, ATy, can be
assumed to span the entire transformation range for
a system relaxing stresses by creep, i.e. between the
lower cycle temperature, 7;, and the f-transus,

1100°C. Introducing equation (7) into equation (6)
with  these values and assumptions yields
|AV/V|cre =0.044% for a half-cycle between 950
and 1150°C. The volume mismatch due to trans-
formation over the same temperature range is
|AV/Vy,,3=0.490%, given that only about 51% of
the f is transformed to o, phase [23,25]. Although
smaller than the transformation volume mismatch,
|AV/V|crg is not negligible, and can contribute sig-
nificantly to internal stress generation during ther-
mal cycling.

On heating, the transformation and CTE mis-
matches tend to put the weak f phase in states of
tension and compression, respectively. Thus the
sign of these volume mismatches are opposite, and
the effective volume mismatch |AV/V| is deter-
mined by:

AV
V

_|av
N

AV

- ®)

eff o /p CTE

For the values of transformation and CTE mis-
match calculated above, equation (8) gives
IAV/ V] =0.45%.

4.2. Isothermal creep

The creep behavior of Super o, (Fig. 3) in the f
phase over the range 7' = 1100-1173°C is indicative
of a transition between creep mechanisms. The
observed increase of the stress exponent from 2.4 to
3.4 most likely represents a transition from diffu-
sional creep (n =~ 1-2) at the lower temperatures to
power-law creep (n = 5). At temperatures below the
p-transus between 950 and 1050°C (Fig. 4), the
stress exponent of unity indicates deformation by
diffusional creep. This is consistent with reports on
creep behavior of o, titanium aluminides at lower
temperatures (500-900°C) and low stresses (20—
200 MPa) which have identified a transition
between power-law and diffusional creep [30, 31, 43].
Based on the activation energies for diffusion of
titanium, Mishra and Banerjee [30] have noted that
the creep behavior at these temperatures is grain-
boundary diffusion controlled.
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The activation energy of 300 kJ/mol [Fig. 4(b)] is
in agreement with literature values (305-330kJ/
mol) [31,42,43] for dislocation creep with a lath-
like or Widmanstdtten morphology of «, phase
[Fig. 1(b)]. Furthermore, the measured creep acti-
vation energy is close to the activation energy for
volume diffusion of Super o, (330 kJ/mol [24]), and
significantly different from that for grain boundary
diffusion (202 kJ/mol [24]). Thus, we can conclude
that creep is bulk diffusion-controlled, i.e. Nabarro-
Herring creep. Considering that a Coble-creep
regime has been identified between 575 and 725°C
in Ref. [30], we can infer the presence of a tran-
sition between Coble and Nabarro-Herring defor-
mation mechanisms at a temperature between about
725 and 950°C.

4.3. Thermal cycling

4.3.1. Contributions to deformation during cycling.
The strain increment measured on each transform-
ation (Agy) is composed of four contributions:
those of transformation plasticity (Ae,, g), CTE mis-
match plasticity (Aectg), thermal ratcheting (Ae,),
and creep caused only by the external biasing stress

(Agcreep):
Astot = Asocz//i + A'gCTE + Agr + Ascreep~ (9)

Since the first two contributions are of a similar
mechanical nature, they can be combined
[equation (8)] into a single strain increment due to
internal stress, Agg. The remaining two contri-
butions due to thermal ratcheting and creep caused
only by the external stress are not considered in the
continuum mechanics-based models of internal
stress superplasticity [equations (1) and (2)], which
are derived independently of the thermal cycle
shape and frequency. Comparison between the ex-
perimental data and model predictions thus requires
isolation of Ag;s from Ag, as described in the fol-
lowing sections.

4.3.1.1. Creep due only to applied stress
The creep strain accumulated during a half-cycle
can be determined by integration of the operative
creep law over the time of the half-cycle during
which there is no phase transformation:

Aécreep = [ K- o"dr.

At

(10)

The variable K is a function of temperature, which
is related to time by the thermal cycle profile. The
continuum-mechanics models of transformation
superplasticity [equations (1) and (2)] consider creep
of the material during the phase transformation.
Because creep occurring independently of the trans-
formation (i.e. outside the transformation tempera-
ture range) is not considered, the integration time,
At, in equation (10) represents portions of the ther-
mal half-cycle over which there is no phase trans-
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formation. However, in the present study it is very
difficult to precisely determine the time during
which the transformation enhances deformation, so
the duration of the half-cycle, t),, is used for At,
resulting in an upper-bound value for Aégeep. For
triangular thermal cycles which can be described by
linear equations, equation (10) can be integrated in
closed form [16,44]. For the nearly square cycles of
the present work, the most accurate course is direct
numerical integration of the creep law over the ex-
perimentally-measured temperature profile. The
creep strain rate is integrated piece-wise for sections
above and below the f-transus, for which the creep
laws of equations (4) and (5) are operative, respect-
ively. The variables n and K [both functions of tem-
perature in the p-field (Fig. 3)] and the time—
temperature relationship of the thermal cycle are
introduced into equation (10), which is then nu-
merically integrated. By subtracting the integrated
value (Aéreep) from the measured half-cycle strain
(Aésy), the strain increment due to internal stresses
and thermal ratcheting (Ags+ Ag;) is recovered
[equation (9)].

For steady-state thermal cycling-creep of a ma-
terial with no phase transformation, Agceep, as
determined by this procedure is as accurate as the
creep law and the mathematical description of the
thermal cycle. For piece-wise integration across a
phase-transus as performed here, equilibrium creep
behavior (i.e. equilibrium microstructure) is
assumed at every temperature in the cycle; kineti-
cally-metastable microstructures are not considered.
By comparing the predictions of the creep models
of equations (4) and (5) with the experimental creep
data and by considering the error in using ¢, in
place of At, Agis+ Ag, as determined by the method
above is estimated to have uncertainty of about
+8%.

4.3.1.2. Thermal ratcheting

When a sharp phase transformation front propa-
gates through a material, macroscopic plastic defor-
mation occurs in dimensions normal and parallel to
the front, even in the absence of applied stress [8,9].
In the present case, where heating is normal to the
tensile direction, the phase front is expected [9] to
propagate in directions normal to the gauge surface.
Since the «, phase has higher strength and higher
specific volume than the f§ phase, thermal ratcheting
is expected to result in lengthening of the specimen
in the tensile direction, as shown schematically in
Fig. 9(a). Conservation of volume during ratcheting
requires that the sample contract in the two dimen-
sions normal to the tensile axis in this case.

Figure 10(a) shows (Ag;s+ Ag,) isolated from Ag,
(Fig. 5) by the method described in the previous
section. The low-stress data of this figure can be
modeled by equation (1), which is linear with an
intercept of zero. However, linear least-squares fit-
ting of the data below 2.1 MPa indicates an ex-
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Fig. 9. Schematic representations of thermal ratcheting
mechanisms: (a) the f/o, transformation front travels
along the direction p, parallel to the direction of heat flux
(left), resulting in lengthening of the specimen in the gauge
dimension (right) (mechanism described in Ref. [9]), and
(b) proposed mechanism in which «, laths form in a single
crystal and with a crystallographic relationship to the f
phase (left). A macroscopic front of nucleation propagates
in the direction of the heat flux, but local growth of a,
plates proceeds in the p direction with a significant com-
ponent in the gauge direction, resulting in a net shortening
of the gauge (right).

trapolated negative strain increment on each half-
cycle due to thermal ratcheting, Ae,= —0.020%.
This result is not consistent with Fig. 9(a), which
predicts a positive value of Ag, if the transformation
front propagates normal to the tensile axis. A poss-
ible explanation is that although nucleation of a,
proceeds in directions parallel to the heat flux, the
local transformation front does not necessarily tra-
vel in the same direction as heat flow, due to crys-
tallographic constraints on the growth of a, plates
or laths. The o, phase is known to form with
(0001),, [1{110}, (11§O)a2||(1T1),, relations to the f
phase [28], and rolled foils of Super o, have been
shown to exhibit appreciable texture [22,23].
Because the o, phase takes a lath or Widmanstédtten
morphology when cooling from above the f-transus
[Fig. 1(b)], the orientation of local ratcheting strains
are highly dependent on crystallographic orientation
and growth direction of these laths. The presence of
texture, therefore, could result in local transform-
ation fronts propagating in directions with a com-
ponent along the tensile axis. Fu et al. [23] have
observed that rolled foils of Super a, have a ma-
jority of {100} planes either oriented in the rolling
plane or at 45° to the rolling plane, and it has been
noted in Ref. [28] that the midribs of «, plates form
parallel to the f {112} planes in other o, alumi-
nides. If most of the growth of the o, phase occurs
by thickening from the midrib, then the phase
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Fig. 10. Stress dependence of half-cycle strain increments
during thermal cycling between 950 and 1150°C, v = 10/h:
(a) cycling strains without creep for samples with the roll-
ing direction oriented along the tensile axis (open circles)
and perpendicular to the tensile axis (filled circle); (b) Agig
fitted to the linear Greenwood and Johnson model
[equation (1)] [3] and the nonlinear extension of this model
[equation (2)] [10].

transformation front travels in a direction with a
significant component along the rolling direction.
As in Fig. 9(a), volume conservation during the
ratcheting deformation requires a contraction in the
direction along which the phase front propagates.
In this manner, thermal ratcheting can result in
shortening of the gauge length. A simple schematic
of this ratcheting mechanism is depicted in Fig. 9(b)
for a single crystal. In a polycrystalline sample the
mechanism is operative in each grain, and texture
provides a net preference for the local front propa-
gation direction, p, to have a component along the
tensile axis.

The proposed ratcheting mechanism was investi-
gated by thermally cycling a specimen machined
with its gauge section perpendicular to the rolling
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direction under a stress of 0.8 MPa, the result of
which is shown in Fig. 10(a). Extrapolation by the
same superplastic slope as for the previous samples
reveals that with no applied stress, there is a posi-
tive plastic strain of 0.05% per transformation for
the specimen with the gauge section machined nor-
mal to the rolling direction. This indicates that the
transformation front tends to propagate with a
strong component in the rolling direction, even
when it is not coincident with the direction of heat
flux. It can be concluded, therefore, that the texture
of the tensile specimens oriented along the rolling
direction is responsible for the unexpected negative
ratcheting strains observed in Fig. 10(a).

The ratcheting mechanism depicted in Fig. 9(b) is
further validated by the work of Furushiro et
al. [45], who investigated transformation superplas-
ticity of rolled commercially-pure titanium plates.
For samples with the gauge parallel to the short-
and long-transverse dimensions of the plate, they
recorded elongations of 0.023 and 0.029%, respect-
ively, after a complete thermal cycle about the
transformation range of titanium with no applied
stress. This result is in agreement with expectations
based on the relative strengths and specific volumes
of the two phases and the ratcheting mechanism of
Fig. 9(a). A specimen with the rolling direction
along its longitudinal axis exhibited contraction of
0.051% for a complete thermal cycle under no
applied stress, consistent with the ratcheting beha-
vior observed in the present study. Furushiro et
al. [45] noted that the growth of « titanium occurs
with a crystallographic orientation to the f phase,
and that their specimens likely exhibited texture,
but they did not identify thermal ratcheting as a
cause of net deformation in the absence of applied
stress.

Assuming that ratcheting strains are independent
of applied stress for a given thermal cycle, A, and
Aécreep can be subtracted from the measured strain
increments Ag,,, [equation (9)], isolating the strain
contribution due solely to transformation and CTE
mismatch stresses, Ag;s [Fig. 10(b)].

4.3.2. Stress dependence of cycle strains. Figure
10(b) shows Ag, isolated from Ae,,, of Fig. 5 by
the methods described above. Both Greenwood and
Johnson’s model [equation (1)] and Mitter’s exten-
sion of the model [equation (2)] assume that in-
ternal stresses generated by phase transformation or
CTE mismatch are quickly relaxed by creep with a
stress exponent, n. This parameter is difficult to
assign for the case of Super oy, as it varies from 1
to 3 over the cycling temperature range [Figs 3 and
4(a)]. As previously discussed, we can assume that
internal stresses are relaxed only by creep of the
weak f§ phase. Then, an average value of n = 2.65
is found by considering the measured stress expo-
nent [Fig. 3(b)] over the portions of the cycle above
the f-transus and by assuming that this value accu-
rately describes the average creep behavior of the f§
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phase over the entire thermal cycle. Because the
predictions of equations (1) and (2) are insensitive
to small changes in n [7], the averaging procedure
above is reasonable. Taking the effective volume
mismatch due to both transformation and CTE
mismatch calculated earlier (|JAV/V|=0.45%) and
the above average stress exponent, the data of
Fig. 10(b) can be fitted with equation (1) by a least-
squares method in the low-stress regime where the
model is valid. This procedure results in a value for
the internal stress variable 6,=4.1 MPa.

A similar procedure can be followed with the
model of equation (2), which is valid over the entire
stress range. Because the volume integral of
equation (2) is not analytically soluble, fitting is
performed numerically in an iterative fashion over
g, until the square error between experimental and
modeled values of Ag; is minimized. Employing the
same values for |AV/ V| and n, equation (2) is best
fitted to the experimental data with o,=4.0 MPa
[Fig. 10(b)], very close to the internal stress deter-
mined from the linear Greenwood and Johnson
model (0,=4.1 MPa). Because these two models
have been independently fitted to data over different
stress ranges, the good agreement between the two
values of ¢, is encouraging.

Zwigl and Dunand [40] noted for the case of ma-
terials relaxing mismatch stresses by plastic yield
that the linear model of Greenwood and Johnson is
valid at applied stresses higher than those given by
its specified range of validity (c<<ay, the yield stress
of the weaker phase). Figure 10(b) illustrates that
the same is true of a material relaxing by creep, as
the linear model [equation (1)] is almost coinciden-
tal with the extended model [equation (2)] for stres-
ses up to about 1/2-g,. The data in the high stress
regime deviate significantly from linearity, and can
be well fitted with the extended, nonlinear model
proposed by Mitter [10] [equation (2), Fig. 10(b)].
Although several studies have noted this nonlinear
behavior for materials relaxing transformation stres-
ses by creep [3,7], the present work represents the
first validation of the extended model to stresses
greater than o,.

The internal stress can also be determined in the
manner of Greenwood and Johnson [3] by consider-
ing the creep of the material during the phase trans-
formation, from which they derived the following
expression:

00:[%- AV (11)

1 1 1/n
30V e A K ]
where K and n are given in equation (4) and Ar* is
the transformation time. For the cooling half-cycles
of Super a,, we take the transformation time given
by the isothermal transformation diagram of
Ref. [28] as Ar*~110s at 950°C. Since we have
assumed that creep occurs only in the weak f
phase, the creep variables K and # in equation (11)
are average values for the f phase over the half-
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cycle. Therefore, the same average n = 2.65 found
above and the corresponding average
Kz=5.33x 1077 [Fig. 3(b)] are appropriate for de-
termination of the internal stress in the f phase.
Using these values and |AV/V];=0.45% as above,
the internal stress is found to be o,=4.4 MPa with
equation (11). This value is in good agreement with
the experimentally determined values, 6,=4.0 and
4.1 MPa.

In this approximation the variable Ar* based on
the cooling half-cycle is used, but the average in-
ternal stress, o, should be representative of both
heating and cooling half-cycles. The transformation
of oy to f on heating half-cycles is most likely faster
than the transformation on cooling, so the value of
Ar* employed above is probably overestimated.
However, the sensitivity of equation (11) to changes
in Ar* is small; in the extreme case where the trans-
formation on heating is instantaneous, the average
transformation time is Ar* = 55s, and the internal
stress is found to be ¢,=5.7 MPa, still in reason-
able agreement with the experimentally-determined
4.1 MPa.

4.3.3. Cycling amplitude. Figure 6 shows effective
cycling strain rates & and (&5 + &) plotted as a
function of cycling amplitude, A7, with an upper
cycling temperature of 1150°C. The f-transus
occurs at an amplitude AT~ 50K, amplitudes
below which there is no transformation and
Erot = Ecreep (marked as region I on Fig. 6). The iso-
thermal transformation characteristics of Super
o, [28,29] indicate that cycles about the fS-transus
up to AT = 225K (region II on Fig. 6) result in
direct transformation of f to «,. The increase of
(&s + &) in region II can be considered in the frame-
work of Greenwood and Johnson’s model by intro-
ducing equation (11) into equation (1) and
substituting &s = 2 - Agjs - v to obtain

plszzv(T(%)(KAt*)l/n

2 AV (n—1)/n
( eff) .

3|V

In the present case, frequency v = 10/h and
applied biasing stress ¢ = 2.6 MPa are constant,
and the stress exponent for creep of the weak f
phase, n = 2.5, is assumed to be constant over the
thermal cycles in region II (Fig. 6). The creep par-
ameter K, the transformation time Ar*, and the
effective volume mismatch |AV/V]y are all func-
tions of thermal cycle amplitude, AT. For a given
AT, isothermal transformation times from Ref. [28]
are taken for Ar*, and |AV/V]y is determined
according to the equilibrium phase fraction data of
Refs [23,25] following the procedures described ear-
lier. The parameter K in equation (12) is approxi-
mated by averaging its values at the upper cycling
temperature, 7,=1150°C [Fig. 3(b)], and the lower

(12)
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cycling temperature, 71 = Ty — AT, because (i) the
contributions Ag; for the o,/f and f/a, transform-
ations are assumed equal, and (ii) with nearly
square thermal cycles, the transformations can be
considered approximately isothermal at the upper
and lower cycling temperatures. The value of K at
the lower cycling temperature is determined by
extrapolating the S phase creep data in the range
1100-1135°C to temperatures below the f[-transus
by an Arrhenius relationship. Between 1100 and
1135°C the stress exponent, n, is approximately con-
stant [Fig. 3(b)] and the apparent activation energy,
Qupp=3573kJ/mol is found for data at
g = 2.45MPa, close to the stress of the data in
Fig. 6, ¢ = 2.6 MPa. The unphysically large value
of activation energy is due to the change of domi-
nant deformation mechanism between 1100 and
1173°C (Fig. 3).

Since all of the variables in equation (12) have
been experimentally determined, the model is pre-
dictive without adjustable parameters across region
II. As shown in Fig. 6, the agreement between the
model predictions of & and the experimental data
for (&s + &) is good. Since the contribution of ther-
mal ratcheting is small compared to the internal
stress contributions at high stresses [Fig. 10(a)], it is
negligible for the purposes of comparison to the
predictions of equation (12) in Fig. 6.

On cooling half-cycles from 1150°C with
AT>225K, the  phase undergoes a martensitic-
like transformation to the orthorhombic O phase,
which decomposes into o, after longer isothermal
treatment [28]. Because of uncertainty in the iso-
thermal transformation data, the microstructural
evolution of specimens cycled with AT = 250-
300 K (inclusive) is largely unknown (region III on
Fig. 6). However, for AT>300K (region IV on
Fig. 6) and cycling frequency v = 10/h, the isother-
mal transformation data [28] indicate that only the
O phase was formed on cooling half-cycles. Since
the volume fractions of O phase formed and
|AV/Vl|o,p are not known, quantitative analysis of
these data is not possible. However, the decreasing
trend through regions III and IV of Fig. 6 can be
attributed to reduction in Ar*, K, and/or |AV/V].
Since the /O reaction is described as martensitic-
like [28], its transformation time is expected to be
short compared to that of the /o, transformation.

4.3.4. Cycling frequency. The strain increment due
to internal stress and ratcheting, Ag;s+ Ag,, is shown
along with Ag,, as functions of v in Fig. 7. Zwigl
and Dunand [7] have identified several cycling fre-
quency regimes for pure zirconium in which the
superplastic strain increment on each half-cycle is
dominated by a different contribution. For high
cycling frequencies about the allotropic temperature
of zirconium, they measured strain increments
which were smaller than those predicted by conti-
nuum-mechanics models. They attributed the unex-
pectedly low strain increments to incomplete
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transformations, restricted by the kinetics of heat
transfer and phase transformation. This behavior is
not observed for Super o, in the frequency range
investigated, in agreement with the isothermal
transformation characteristics of the alloy [28]. In
order to investigate kinetically-limited partial
cycling between o, and f, an apparatus capable of
performing cycles at v = 20/h and higher would be
required [28]. At low frequencies, Zwigl and
Dunand anticipated, but did not observe, that Ag,
would increase as 1/v, because the creep contri-
bution to deformation becomes dominant. This
behavior of Agy, is observed for Super o5, and iso-
lation of Aegis+ Ae, indicates that Agg e, is the only
contribution to deformation which is frequency
dependent; the remaining contributions are, as
expected, approximately constant across the fre-
quencies investigated (Fig. 7).

5. CONCLUSIONS

High-temperature deformation of Super o, tita-
nium aluminide has been investigated under both
isothermal and thermal cycling conditions:

e Under an initial applied stress of 3.0 MPa, a
tensile specimen cycled between 950 and 1150°C
at frequency v = 10/h failed after accumulating
an engineering strain of 610%, compared with
110% for a control sample isothermally crept at
1150°C and 3.0 MPa. Microstructural superplasti-
city, which requires a fine, equiaxed microstruc-
ture, is ruled out in the present case due to a
large f grain size and a lath-morphology of a,
phase. To the best of our knowledge, this is the
first demonstration of transformation superplasti-
city of an intermetallic compound.

e Because the o, and f phases coexist over a wide
temperature range, internal stresses are generated
not only by the phase transformation, but also
by thermal expansion mismatch between the
phases. This effect is modeled by calculating an
effective volume mismatch due to both contri-
butions. Introduction of this parameter into exist-
ing continuum-mechanics models results in an
accurate description of stress-sensitivity of cycling
strain increments for the entire range of stresses
investigated.

e During cycling, thermal ratcheting contributes
somewhat to deformation of Super o,. The low
stress data suggest that texture and crystallogra-
phically oriented growth of the o, phase combine
to produce irreversible ratcheting contractions in
the rolling direction.

e At low stresses during thermal cycling, the strain
increment developed due to internal stress contri-
butions over a single transformation is pro-
portional to the applied stress, with an increasing
stress sensitivity at higher applied stresses. By fit-
ting the data to two existing models, the theoreti-
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cal determination of the effective volume
mismatch is validated, and the time- and space-
averaged internal stress in the weaker [ phase is
found to be o,~4.0 MPa.

e Variation in the thermal cycling amplitude results
in different volume mismatches due to different
equilibrium volume fractions of the transform-
ation product. Superplastic strain increments are
observed to increase with the fraction of o, phase
formed. This effect is successfully modeled.

e Examination of superplastic strain increments as
a function of cycling frequency reveals that the
internal stress contributions to deformation are
frequency-independent, but creep becomes domi-
nant as the frequency is decreased.
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