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Abstract

The aging behavior at 300 �C of Al–0.06Sc–0.02Gd and Al–0.06Sc–0.02Yb (at.%) alloys is studied by local-electrode atom-probe
tomography, transmission electron microscopy and microhardness measurements. The ternary alloys exhibit high number densities of
coherent L12 precipitates ðNv ffi 1022 m�3Þ at aging times up to 1536 h (64 days). In the Al–0.06Sc–0.02Gd alloy, the Al3(Sc1�xGdx) pre-
cipitates are always Sc-rich, displaying a small Gd concentration (x < 0.12) in the precipitates. In the Al–0.06Sc–0.02Yb alloy, the pre-
cipitates are initially Yb-rich, Al3(Yb1�xScx), with Sc diffusing subsequently to the precipitates, resulting in a core/shell structure and an
overall Sc-rich composition, Al3(Sc1�xYbx). Gd and Yb, like other lanthanides but unlike the transition metals Zr and Ti, do not retard
the coarsening kinetics compared with binary Al–Sc alloys. Additionally, the creep resistance of these alloys is greater than that of Al–Sc
alloys. The coarsening kinetics and creep properties of Al–0.06Sc–0.02Gd and Al–0.06Sc–0.02Yb alloys are compared with other Al–Sc-
based alloys and with coarsening models for ternary alloys.
� 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Cast, dilute Al–Sc-based alloys exhibit promising creep
resistance at 300 �C (61% of the absolute melting point of
aluminum) [1]. A coarse-grained matrix (grain diameter
�1 mm), which is favorable for creep resistance, forms
upon homogenization of these alloys in the single-phase
a-Al region [1], which has a maximum solubility of
0.23 at.% (0.38 wt.%) Sc at the eutectic temperature of
660 �C [2–6]. After quenching from the a-Al solid-solution
phase-field, homogeneously distributed precipitates are
observed upon aging in the a-Al + Al3Sc(L12 structure)
phase-field, with continuous precipitation observed up to
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�350 �C [3,7]. These aged, coarse-grained alloys display
high creep resistance [1,8–11], owing to the formation of
a high number density (Nv � 1022 m�3) of nanoscale Al3Sc
precipitates with the L12 structure, with no intermediate
metastable phases forming. The Al3Sc precipitates remain
coherent to diameters of �40 nm [12,13], owing to a rela-
tively small lattice-parameter mismatch between the Al3Sc
precipitates and the a-Al matrix (d = 1.1% at 300 �C)
[14,15]. In binary Al–Sc alloys, the precipitate radii hRi
coarsen with a �t1/3 dependence, which is predicted for dif-
fusion-limited coarsening [1,5,11,13,16–18].

The effects of ternary additions to dilute Al–Sc alloys
have been investigated with the goal of improving both
coarsening and creep resistance of coarse-grained Al–Sc
alloys. Magnesium additions to Al–Sc alloys lead to
solid-solution strengthening of the a-Al matrix with very
little Mg incorporation into the Al3Sc precipitates [10]:
Mg is insoluble in Al3Sc. Lithium additions, in contrast,
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provide solid-solution strengthening and, through incorpo-
ration of Li in the Al3(Sc1�xLix) precipitates, increase their
volume fraction and number density, while reducing their
precipitate radii [19]. Adding zirconium to dilute Al–Sc
alloys results in partitioning of Zr to the Al3Sc precipitates
forming Al3(Sc1�xZrx) precipitates, which exhibit much
improved stability and coarsening resistance at 300 �C
[20,21]. In the bulk Al3(Sc,Zr) intermetallic phase, Zr can
replace up to 50% of the Sc (x = 0.5), while retaining the
L12 structure [14,22,23]. Since Zr is significantly less expen-
sive than Sc, the same precipitate volume fraction, /, can
be achieved while employing less Sc. In Al–Sc–Zr alloys,
the Zr in the precipitates is found to be well below its sol-
ubility limit [21,24–26], because the small diffusivity of Zr
in Al limits the diffusive flux of Zr to the precipitates
[27]. Lattice kinetic Monte Carlo (LKMC) simulations
demonstrate that the Zr segregates at the a-Al/Al3Sc inter-
face, forming a Zr-enriched spherical shell [28,29], which is
in agreement with earlier experiments [9,20,23–26,28,30].
Titanium, another slow diffuser in Al, has a similar effect
to Zr [31]: it decreases the coarsening kinetics and segre-
gates at the Al/Al3(Sc1�xTix) interface forming a Ti-
enriched shell [32]. Again, owing to the small diffusivity
of Ti in Al, only a small concentration of Ti is incorporated
in the precipitates, e.g., 1.5% after 64 days of aging at
300 �C. In contrast, for an Al–Li–Zr alloy, the coarsening
kinetics of the core/shell precipitates are not decelerated
in the temperature range 170–230 �C [33]. In this case, Zr
resides in the precipitates’ cores with a Li-rich
Al3(Li1�xZrx) shell [33].

Rare-earth (RE) elements are attractive ternary additions
to Al–Sc alloys for different reasons [34]. First, many RE ele-
ments have a high solubility in Al3Sc precipitates, substitut-
ing for Sc and forming Al3(Sc1�xREx) precipitates, thereby
replacing the more expensive Sc [35–37]. For the four
heaviest RE, including Er [38] and Yb [36], the solubility
reaches 100% (expressed as a percentage of Sc replaced in
L12 precipitates), since these elements form Al3RE(L12)
precipitates [37]. For some of the lighter RE, the solubilities
in Al3Sc are small, for example, 12 and 15 at.% for Sm [39]
and Gd [35], respectively, which is related to the non-L12

structure of Al3Sm and Al3Gd [40]. Secondly, the light RE
(La through Sm) have smaller diffusivity in Al than does
Sc [41], thereby improving the coarsening resistance of the
precipitates, but they have a larger diffusivities in Al [41] than
do the transition metals Ti, Zr or Hf [32], and therefore the
RE are incorporated into the L12 precipitates to a larger
extent than these transition metals. Some of the heavier
RE have larger diffusivities in Al compared with Sc [42].
Finally, unlike Ti, Zr or Hf [14], RE increase the lattice
parameter mismatch between a-Al and Al3(Sc1�x,REx)
[35–37], which can increase the creep resistance [43]. Similar
to Sc, the solubility of the RE in a-Al is very limited and
thus the maximum attainable volume fraction, /, of precip-
itates is small, although the exact solubility for most RE at
300 �C is unknown, with the exception of Gd, Er and Yb
[42,44].
Sawtell and Morris investigated Y, Gd, Ho and Er as
alloying additions to hypereutectic Al–0.3 at.% Sc [45],
while others have studied RE additions to Al alloys both
with and without Sc additions [46–52]. The present
authors’ studies [19,53–57] have focused on dilute Al–Sc–
RE alloys, which upon aging exhibit a precipitate number
density greater than in binary Al–Sc alloys [12] with similar
volume fractions (/ = 0.25–0.50%). The present article
examines in detail the coarsening and creep properties of
dilute Al–Sc alloys containing Gd or Yb. The coarsening
kinetics and creep properties of Al–Sc–Gd and Al–Sc–Yb
(at.%) alloys are compared with other Al–Sc-based alloys
and with coarsening models for ternary alloys.

2. Experimental methods

Alloy compositions, as verified by ATI Wah Chang
(Albany, OR), were Al–0.061 ± 0.003Sc–0.018 ± 0.009Gd
(hereafter referred to as Al–Sc–Gd) and Al–
0.058 ± 0.003Sc–0.024 ± 0.008Yb (hereafter referred to as
Al–Sc–Yb): all compositions are in at.% unless otherwise
noted. To increase the probability that each alloy was in
the a-Al phase field during homogenization, the Sc concen-
tration was maintained well below the maximum Sc solu-
bility of 0.23 at.% in Al–Sc, while that of Yb is below the
maximum Yb solubility of 0.025 at.% at 625 �C in binary
Al–Yb [42]: note the large differences between the Sc and
Yb solubilities in Al. The Gd solubility in Al–Gd is
unknown, but is probably similar to that of Yb
(0.025 at.% at 640 �C) [42] and other RE [42,44,58,59].
Each alloy was produced by dilution casting, using Al–
1.2 wt.% Sc (Ashurst) and Al–2 wt.% RE (Stanford Mate-
rials) master alloys with 99.99 wt.% pure Al (the main
impurities are 22 ± 3 at.ppm Fe and 38 ± 5 at.ppm Si).
The alloys were melted in an alumina crucible in a resis-
tively heated furnace at 750 �C in air. After thorough stir-
ring, the melt was cast into a graphite mold resting on a
large copper platen and cooled to ambient temperature.
Homogenization was then performed at 640 �C for 24 h
in air and terminated by water quenching to room temper-
ature. Subsequent aging at 300 �C (also terminated by
water quenching) was performed in air, except for samples
aged for less than 15 min, which were aged in a molten mix-
ture of sodium nitrite, sodium nitrate and potassium
nitrate.

Vickers microhardness measurements were performed
with a 200 g weight at room temperature on samples
ground to a 1 lm surface finish; ten measurements were
recorded on each sample. Transmission electron micros-
copy (TEM) was performed using a Hitachi 8100 micro-
scope operating at 200 kV. TEM foils were mechanically
ground to a thickness of 200 lm and subsequently electro-
polished using a Struers Tenupol-5 in a solution of 5 vol.%
perchloric acid in methanol at �20 �C, which was cooled in
a bath of dry ice in methanol.

Sample blanks for atom-probe tomography (APT) were
produced by mechanically grinding material to a square



Fig. 1. Vickers microhardness of Al–0.06 Sc–0.02 Yb and Al–0.06 Sc–0.02
Gd vs aging time at 300 �C, compared with binary Al–0.06 Sc (reproduced
from Refs. [10,12]) and Al–0.08 Sc alloys (reproduced from Ref. [53]).
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cross-sectional area of �300 � 300 lm2. The samples were
then electropolished using a two-stage procedure. The ini-
tial polishing was performed using a solution of 10 vol.%
perchloric acid in acetic acid, and the final polishing was
performed using a solution of 2 vol.% perchloric acid in
butoxyethanol. Experiments were performed employing a
Cameca (formerly Imago Scientific Instruments, Madison,
WI) local-electrode atom-probe (LEAP) tomograph
[60,61]. The local-electrode produces an enhanced elec-
tric-field compared with standard APT [60,62]. The data
were collected using the electrical pulsing mode at 30 K
at a pulse repetition rate of 200 kHz. Proximity histogram
plots [63] were calculated employing ADAM or APEX
software [64] using an isoconcentration surface of 9 at.%
Sc. A total of 10–100 precipitates were analyzed for each
aging time using LEAP tomography.

The creep samples were pre-aged to produce precipitates
with a particular radius. These aging treatments were: 24 h
at 300 �C (2.9 nm for Al–Sc–Yb and 2.4 nm for Al–Sc–
Gd), 384 h at 300 �C (4.0 nm for Al–Sc–Yb and 3.6 nm
for Al–Sc–Gd) and a double aging treatment: 24 h at
300 �C followed by 24 h at 400 �C (29 nm for Al–Sc–Yb
and 19.7 nm for Al–Sc–Gd). To ensure a uniform temper-
ature during creep testing, the samples were allowed to
soak at the testing temperature for 2 h prior to loading.
Creep experiments were performed in a nickel-based super-
alloy compression cage, and the sample ends were lubri-
cated with boron nitride to reduce friction between the
cage and the sample. The displacement was measured with
a linear variable differential transducer connected to an
extensometer. Sufficient time was allowed to achieve a min-
imum strain rate for each successively higher load applied
to the sample. The creep experiments were terminated
when a sample achieved a total strain of 10%. No sample
was crept for more than 10 days to ensure that the precip-
itates did not coarsen significantly during an experiment
(according to the coarsening experiments at 300 �C, the
precipitate radii would be increased by a maximum of
1 nm during that time frame). The minimum strain rates
were observed at multiple stresses for each sample. The
stress was always increased, since there is a change in the
dislocation density with increasing stress.

3. Experimental results

3.1. Microhardness

Fig. 1 displays the Vickers microhardness for Al–Sc–
Yb and Al–Sc–Gd alloys as a function of aging time at
300 �C [53]. The alloys achieve peak Vickers microhard-
ness after 4–24 h of aging, with values greater by �1.7
than the peak microhardness of the Al–0.06 Sc alloy,
but a microhardness value comparable with an Al–0.08
Sc alloy. The peak value is maintained for 96 h of aging,
beyond which it decreases steadily, providing a first indi-
cation of the presence of over-aging and the onset of the
growth and coarsening stage.
Al–Sc–Yb exhibits a shorter incubation time than do
Al–0.06 Sc, Al–0.12 Sc and Al–Sc–X alloys with similar
volume fractions, /, where X is Mg, Zr or Ti
[10,31,54,65]. Whereas in these alloys the incubation times
range from 0.25 to 2 h, Al–Sc–Yb exhibits an increased
microhardness over the other aged Al alloys and pure Al
upon quenching from the homogenization temperature
(with no aging): 270 MPa compared with �200 MPa for
Al–0.06 Sc and Al–0.06 Sc–0.005 Zr alloys [65]. Upon sub-
sequent aging, the microhardness increases rapidly: after
120 s at 300 �C it has increased over the homogenized value
by 140 MPa. Before the final peak microhardness is
achieved, there is an initial rapid increase in microhardness,
followed by a plateau after 120 s, which is followed by a
second rapid increase in microhardness. This is due to
the disparate precipitation kinetics of Yb and Sc. The
nucleation and growth (early aging times) in Al–Sc–Yb
are similar to those for an Al–0.06Sc–0.005Yb alloy [54].
Initially, Yb-rich precipitates form and, subsequently, Sc
reaches the precipitates and forms a shell enveloping the
Yb-rich core.

3.2. Precipitate volume fraction, average radius and number

density

For both Al–Sc–RE alloys, the Al3(Sc1�xREx) precipi-
tates are spheroidal and coherent with the matrix up to
1536 h, as indicated in Fig. 2 by the presence of Ashby–
Brown or so-called “coffee-bean” strain-field contrast.
The average precipitate radius hRi is <6 nm for both
peak-aged and over-aged conditions in both alloys
(Fig. 3). For Al–Sc–Yb, hRi increases from 2.9 ± 0.5 nm
after 24 h (peak-aging) to 5.5 ± 1.2 nm after 1536 h at
300 �C (over-aging), as determined by LEAP tomography.



Fig. 2. Two-beam bright-field TEM image of Al–Sc–Yb aged for 1536 h
(64 days) at 300 �C with the a0-precipitates exhibiting Ashby–Brown
strain-field contrast, which is typical of coherent Al3(Sc1�xYbx) a0-
precipitates: [1 1 0] orientation.

Fig. 3. Average a0-precipitate radius hR(t)i vs aging time at 300 �C for Al–
Sc–Yb and Al–Sc–Gd. The slopes of the curves represent the temporal
exponents. Only aging times past the peak microhardness are included.

Table 1
Average a0-precipitate radii hRi and number densities Nv of Al–0.06 Sc–
0.02 Yb and Al–0.06 Sc–0.02 Gd as a function of aging time t at 300 �C.

Alloy t (h) hRi (nm) Nv (m�3)

Al–Sc–Yb 6 2.4 ± 0.4 (4.7 ± 0.5) � 1022

24 2.9 ± 0.5 (5.3 ± 0.6) � 1022

96 3.4 ± 0.6 (2.1 ± 0.2) � 1022

384 4.0 ± 0.5 (7.5 ± 1.4) � 1021

1536 5.5 ± 1.2 (1.1 ± 0.6) � 1021

Al–Sc–Gd 24 2.4 ± 0.3 (3.8 ± 1.3) � 1022

96 2.3 ± 0.3 (4.1 ± 0.4) � 1022

384 3.6 ± 0.4 (2.1 ± 0.4) � 1022

1536 5.1 ± 0.4 (5.7 ± 2.1) � 1021

Fig. 4. Number density of a0-precipitates Nv(t) vs aging time at 300 �C for
Al–Sc–Yb and Al–Sc–Gd, compared with data from Al–0.06Sc and Al–
0.12Sc alloys [12].
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For Al–Sc–Gd, hRi increases from 2.4 ± 0.3 nm to
5.1 ± 0.4 nm between 24 and 1536 h (Table 1). At a given
aging time, Al–Sc–Gd has a smaller hRi value than does
Al–Sc–Yb.

The precipitate number densities, Nv, were determined
using LEAP tomographic data by counting the individual
precipitates in the three-dimensional (3-D) reconstructions
from two to three different samples. As demonstrated in
Fig. 4 and Table 1, Nv achieves a maximum value of
(5.25 ± 0.55) � 1022 m�3 at 24 h for Al–Sc–Yb. The value
of Nv at peak microhardness for Al–Sc–Gd is
(4.1 ± 0.44) � 1022 m�3 at 96 h. Both Al–Sc–RE alloys
have higher Nv values than do Al–0.06Sc and Al–0.12Sc
alloys with similar volume fractions: / = 0.24% and
0.49%, respectively [12]. Fig. 4 demonstrates that at 24 h
for Al–Sc–Yb and 96 h for Al–Sc–Gd, Nv begins to
decrease.
The volume fraction values are / = 0.33 ± 0.01% for
Al–Sc–Yb and / = 0.28 ± 0.01% for Al–Sc–Gd, as deter-
mined for the longest aging time. These values were calcu-
lated from the fraction of solute atoms remaining in the
matrix as determined by LEAP tomography. This fraction
was then subtracted from the volume fraction calculated
using the exact composition of the alloy to obtain the /
values for the precipitates. Fig. 5 demonstrates that the
value of / (t) is slowly increasing between 24 and 1536 h
for both alloys, although the change (0.02% for Al–Sc–
Yb and 0.005% for Al–Sc–Gd) is within experimental
error, which indicates that growth of the precipitates is
nearly complete, and / is close to its equilibrium value
/eq. The slowly changing values of / indicate that the sys-
tems are most likely in a quasi-stationary state and in the
growth and coarsening regime rather than pure coarsening.
There is a 15% smaller value of / in Al–Sc–Gd compared
with Al–Sc–Yb, owing to a smaller Gd concentration in
the precipitates compared with Yb in Al–Sc–Yb.



Fig. 5. Volume fraction / of Al3(Sc,RE) a0-precipitates vs aging time at
300 �C for Al–Sc–Yb and Al–Sc–Gd alloys.

Fig. 7. Proximity histograms of Al–Sc–Yb exhibiting the average
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3.3. Compositional evolution

3.3.1. Al–Sc–Yb

The concentrations of Sc and RE in the precipitates
were measured by LEAP tomography. Initially, in Al–Sc–
Yb, the Yb/Sc atomic concentration ratio is large in the
precipitates (Fig. 6), indicating that Yb precipitates faster
than Sc does [54], thereby initially forming Al3(Yb1�xScx)
precipitates. Fig. 7a indicates larger concentrations of Yb
in the precipitates than Sc after 15 min of aging, especially
near the center of the precipitates. With increasing aging
time, the concentration of Sc in the precipitates increases
steadily (Fig. 6), until it is greater than that of Yb
after 6 h, resulting in precipitates with Al3(Sc1�xYbx)
Fig. 6. RE/Sc atomic concentration ratio in the a0-precipitates vs aging
time at 300 �C for Al–Sc–Yb and Al–Sc–Gd.

concentrations of Yb and Sc as a function of radial distance from the
heterophase interface (x = 0) for different aging times at 300 �C: (a)
15 min; (b) 24 h; (c) 1536 h.
compositions. The Yb/Sc ratio in the Al3(Sc1�xYbx)
achieves a constant value of 0.25 ± 0.01 after 96 h of aging,
somewhat below the overall alloy ratio of 0.41. The con-
centrations of Sc and RE in the a-Al matrix were also mea-
sured at longer aging times by LEAP tomography
(Fig. 8a). In the matrix, the Yb and Sc concentrations
are decreasing with increasing aging time even at the lon-
gest aging time (Fig. 8a), which is consistent with an
increasing volume fraction.

The distribution of elements within the precipitates in
Al–Sc–Yb after 24 h of aging is displayed in Figs. 7, 9
and 10. In Fig. 9, a Sc-rich spherical shell enveloping a
Yb-rich core is observed from a slice through a 3-D LEAP
tomographic reconstruction. In Fig. 10, a 3-D reconstruc-
tion is displayed, which exhibits 8 at.% Yb isoconcentra-
tion surfaces delineating the precipitate cores that are
enveloping Sc-rich shells. The core/shell structure is also



Fig. 8. (a) Concentrations of Yb and Sc in the a-Al matrix vs aging time at
300 �C in Al–Sc–Yb. (b) Concentrations of Gd and Sc in the a-Al matrix
vs aging time at 300 �C for Al–Sc–Gd.

Fig. 9. LEAP tomographic reconstructions of Al–Sc–Yb showing the
core/shell atomic structure of an Al3(Sc1�xYbx) a0-precipitate after 24 h of
aging at 300 �C: 2-nm-thick slice.

Fig. 10. Three-dimensional LEAP tomographic reconstruction exhibiting three
at 300 �C. The 8 at.% Yb isoconcentration surface within the a0-precipitates del
of the rectangular parallelepiped is 200,244 nm3. The Al atoms are omitted fo
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observed in the proxigram after aging for 24 h (Fig. 7b),
with a pronounced segregation of Sc at the a-Al/
Al3(Sc1�xYbx) interface. After aging for 1536 h (64 days),
the Yb-rich core is less pronounced, as the Sc concentra-
tion now exceeds the Yb concentration everywhere within
the precipitates (Fig. 7c). Note that the Sc + Yb concentra-
tions sum to >25%. This is most probably due to differ-
ences in field-evaporation behavior between the elements.
This appears to become more pronounced as the precipi-
tate size grows [66–68].

At 1536 h, some segregation of Sc at the heterophase
interfaces is still observed: Fig. 11 indicates positive values
of the relative Gibbsian interfacial excess of Sc at the a-Al/
Al3(Sc1�xYbx) interface, which is given by [69,70]:

CAl;RE
Sc ¼ CSc � CRE
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where a is the matrix phase (a-Al), a0 is the precipitate-
phase, Ci

j is the concentration of the jth element in the
ith phase, and CAl;RE

j is the relative Gibbsian interfacial ex-
cess of element j with respect to Al and RE. Fig. 11 indi-
cates decreasing values of CAl;Yb

Sc up to 1536 h of aging,
consistent with the less pronounced core/shell structure at
longer aging times.

3.3.2. Al–Sc–Gd

In Al–Sc–Gd, precipitation occurs less rapidly than in
Al–Sc–Yb, which does not increase above the homogenized
microhardness value until after 15 min of aging at 300 �C.
For the Al–Sc–Gd alloy (Fig. 6), the Gd/Sc ratio in the pre-
cipitates is <1, since there is less Gd than Sc in the precip-
itates. After 24 h, the concentration of Gd in the
precipitates is 2.7 ± 0.2 at.%. At aging times of 96 h and
longer, the Gd concentration decreases and then remains
approximately constant at 2.0 ± 0.4 at.%. Furthermore,
the onset of coarsening of the precipitates in Al–Sc–Gd
Al3(Sc1�xYbx) a0-precipitates in an Al–Sc–Yb alloy for a 24 h aging time
ineates the Yb core, with the Sc atoms engulfing the Yb core. Total volume
r clarity.



Fig. 11. Relative Gibbsian interfacial excess of Sc with respect to Yb or
Gd in Al–Sc–Yb at the a-Al/Al3(Sc1�xYbx) interface and in Al–Sc–Gd at
the a-Al/Al3(Sc1�xGdx) interface vs aging time at 300 �C.

Fig. 13. Minimum strain rate vs applied stress for Al–Sc–Yb alloy at
300 �C. Threshold stresses are marked on the stress axis.
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occurs after 96 h, since the Nv value remains constant
between 24 and 96 h (Fig. 4). In the a-Al matrix in Al–
Sc–Gd (Fig. 8b), the Sc matrix concentration decreases
up to 1536 h of aging, while the Gd matrix concentration
is constant between 24 and 1536 h of aging. Heterophase
interfacial segregation of Sc is observed for all aging times,
with the Gd tending toward the center of the precipitates.
The relative Gibbsian interfacial excess of Sc with respect
to Al and Gd, CAl;Gd

Sc , at the a-Al/Al3(Sc1�xGdx) interface
(Eq. (1)), increases slightly during the growth and coarsen-
ing regime (Fig. 11).

3.4. Creep

Figs. 12 and 13 demonstrate that the Al–Sc–RE alloys
exhibit creep behavior at 300 �C characterized by a high
Fig. 12. Minimum strain rate vs applied stress for Al–Sc–Gd alloy at
300 �C. Threshold stresses are marked on the stress axis.
apparent stress exponents of nap = 29–37 (slope in the dou-
ble logarithmic plots), which is indicative of the presence of
a threshold stress rth, below which the creep rate _e cannot
be experimentally measured [71]. The power-law creep
equation that includes a threshold stress is

_e ¼ Aðr� rthÞn exp � Q
RgT

� �
ð2Þ

where A is the Dorn constant, r is the applied stress,
Q = 142 kJ mol�1 is the activation energy for creep in pure
Al [72], n = 4.4 is the stress exponent of pure Al [72], and
Rg is the ideal gas constant. By plotting _e1/n vs r [73],
threshold stresses are calculated, and their values are dis-
played on the abscissa axes of Figs. 12 and 13.

4. Discussion

4.1. Temporal evolution of precipitate composition

The LEAP tomographic results for Al–Sc–Yb demon-
strate that the initial Al3(Yb1�xScx) precipitates are richer
in Yb than Sc. After 5 min of aging, the Yb/Sc concentra-
tion ratio is 9.3 (Fig. 6). The rapid precipitation of Yb is a
kinetic effect due to the larger diffusivity of Yb in the alloy
DYb, at least in the initial stages. The diffusivity of Yb in a
binary Al–0.03Yb is greater than that of Sc in Al [42]. For
Al–Sc–RE with RE = Tb, Ho, Tm or Lu [56], a similar
rapid precipitation with an initial rise in microhardness
due to the precipitation of a RE element was observed.

Sc diffuses to the precipitates at a slower rate because it
has a smaller diffusivity, DSc, in Al–Sc–Yb than does Yb.
As the Sc diffuses to the precipitates, it first forms a sphe-
roidal shell enveloping the Al3(Yb1�xScx) precipitates, as
demonstrated by the 3-D LEAP tomographic reconstruc-
tions (Figs. 9 and 10). With increasing aging time at
300 �C, the Yb-rich core and Sc-rich shell inter-diffuse
(Fig. 7), confirming that Yb and Sc can substitute for
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one another in the Al3(Sc,Yb) precipitates and also indicat-
ing that Yb replaces some of the more expensive Sc, while
retaining a constant value of /. The maximum solubility of
Yb in a-Al is 248 ± 7 at.ppm Yb based on LEAP tomo-
graphic measurements on Al–0.06Yb, which was aged at
the eutectic temperature of 625 �C for 72 h [53]. This limits
the amount of Yb that can replace Sc.

The Yb/Sc atomic concentration ratio in the precipitates
achieves a value of 0.23 after 96 h of aging and remains rel-
atively constant at longer times (Fig. 6). Nevertheless, the
value of the relative heterophase interfacial excess of Sc
continues to decrease with increasing aging time up to
64 days, indicating that the system has not achieved a sta-
tionary state (Fig. 11). Since the distribution of the ele-
ments within the precipitates evolves continuously up to
the longest aging time, the coarsening constants associated
with the supersaturation of each of the elements in the pre-
cipitates could not be measured, because the average com-
position of the precipitates could not be accurately
determined. Furthermore, since the interdiffusion of the
Yb and Sc core/shell layers is slow because of the highly
correlated diffusion in the ordered Al3(Sc,Yb) precipitates,
it is estimated from the evolution of the precipitate concen-
trations that the Sc diffusivity within Al3(Yb1�xScx) is
�3 � 10�26 m2 s�1 at 300 �C. This is six orders of magni-
tude smaller than the Sc diffusivity in the a-Al matrix
[27]. A recent study using LKMC simulations found that
Zr segregation at the a-Al/Al3(Sc1�xZrx) interface is kinet-
ically limited [28]. By setting the diffusivity of both ele-
ments equal in the LKMC simulation, such that the
elements diffuse to the precipitates at the same rate, a uni-
form distribution of elements is observed in the
precipitates.

In the Al–Gd system, the precipitates have the DO19

structure [74]. For the Al–Sc–Gd system, the L12

Al3(Sc1�xGdx) precipitates form with <10% of the Gd
atoms contained in the precipitates, as determined by
LEAP tomography. The concentration of Gd in the precip-
itates is smaller than the Yb concentration in the
Al3(Sc1�xYbx) precipitates in Al–Sc–Yb for a given aging
treatment. After 24 h of aging, the Gd concentration in
the precipitates is 2.1 at.%, while the Yb concentration in
the precipitates is 7.4 at.% in Al–Sc–Yb. The Gd concen-
tration remains approximately constant at 2 at.% to the
longest aging time (Fig. 6), which is less than the maximum
solubility of Gd in Al3Sc at the eutectic temperature,
3.75 at.% Gd [35]. This makes Gd a less interesting candi-
date for use in Al–Sc–X alloys for replacing Sc. This small
Gd concentration may also be the reason for the absence of
an increase in peak microhardness in Al–Sc–Gd with
200 at.ppm Gd compared with an Al–Sc–Gd alloy with
50 at.ppm of Gd [54]. Both alloys have a similar concentra-
tion of Gd in the precipitates, and thus the additional Gd in
Al–Sc–Gd does not increase the value of /.

Gd partitions to the center of the precipitates, as
observed in Al–0.06Sc–0.005Gd [54]. The relative Gibbsian
heterophase interfacial excess of Sc at the a-Al/
Al3(Sc1�xGdx) interface increases slightly in the range of
aging times from 24 to 1536 h, indicating that the Gd is dif-
fusing to the center of the precipitates. A quasi-stationary
state of elements within the precipitates is not achieved
and hence the coarsening constants associated with the
supersaturation in the a0-precipitates are not calculated.
When compared with Al–Sc–Yb, the relative Gibbsian het-
erophase interfacial excess of Sc at the a-Al/Al3(Sc1�xGdx)
interface in Al–0.06Sc–0.005Gd is smaller (Fig. 11), per-
haps because the Gd atoms appear to precipitate simulta-
neously with the Sc atoms. In contrast, in Al–Sc–Yb, the
Yb precipitates long before the Sc does, hence eliminating
the need for Yb to diffuse to the center of the precipitates.

4.2. Nanostructure and volume fraction

One reason for the larger peak microhardness values in
Al–Sc–Yb and Al–Sc–Gd (Fig. 1), compared with Al–
0.06Sc, is the larger volume fraction of precipitates in the
ternary alloys (/ = 0.33 and 0.28%, respectively), com-
pared with Al–0.06Sc (0.24% [1]). In addition, compared
with the Al–0.06Sc alloy [1], the Al–Sc–Yb and Al–Sc–
Gd alloys have increased Nv values by more than an order
of magnitude [12]. The Al–0.12Sc alloy does, however,
have a larger microhardness with values of Nv equal to
or lower than the Al–Sc–Yb and Al–Sc–Gd alloys, as a
result of its larger volume fraction [1]. Both the increased
values of Nv and / as well as the smaller hRi value contrib-
ute to a larger value of the Orowan stress, which can be
estimated to be 1/3 of the microhardness increment [75].
For an Al–0.08Sc alloy with the same solute content as
the ternary alloys, the microhardness is about the same
as for Al–Sc–Yb and slightly greater than for Al–Sc–Gd
[53], indicating that Yb and Gd effectively replace the more
expensive Sc.

Binary alloys with similar values of / (/ = 0.24% for
Al–0.06Sc and / = 0.49% for Al–0.12Sc) have smaller or
equal Nv values [1,12] with maximum measured Nv values
of 9.3 � 1020 and 4.3 � 1022 m�3, respectively (Fig. 4).
Thus, small additions of RE increase Nv significantly. A
similar increase in the microhardness of the alloys and Nv

values of precipitates was observed for Al–Sc–RE alloys
with 0.005 ± 0.003% RE, which have / = 0.22% and
0.25% for the Yb and Gd additions, respectively [54]. It
is apparent that microalloying with RE additions alters sig-
nificantly the precipitation kinetics of Al–Sc alloys.

The quasi-stationary-state nucleation current for precip-
itates with radii greater than the critical radius R� is calcu-
lated for the Al–Sc–Yb alloy. Sub-critical precipitates (that
is, embryos) exist below a critical radius R�, while for
R > R�, precipitates (nuclei) are present. The nucleation
rate is estimated from the 30 s and 120 s aging times to
be 1.91 � 1020 m�3 s�1. Hyland [4] found that, for an Al–
0.11Sc alloy, the quasi-stationary-state nucleation current
is 9 � 1018 m�3 s�1 at 288 �C and 1.01 � 1019 m�3 s�1 at
343 �C, respectively, which are smaller than the quasi-sta-
tionary-state nucleation current for the Al–Sc–Yb alloy.



Fig. 14. Product of number density Nv(t) and aging time vs aging time at
300 �C for the Al–Sc–Yb and Al–Sc–Gd alloys.
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The larger nucleation current in the ternary alloys could be
due to the following: (i) clusters of RE elements in the as-
quenched state serve as effective heterogeneous nucleation
sites for precipitates; (ii) the chemical driving force is
greater than in the Al–Sc alloys; or (iii) the interfacial
Gibbs free energy r between the L12 precipitate phase
and a-matrix phase is smaller in Al–Sc–Yb than in Al–Sc
alloys.

4.3. Precipitate coarsening

The Lifshitz–Slyozov–Wagner (LSW) diffusion-limited
coarsening model for binary alloys [76–78] has been
extended to concentrated multicomponent alloys by
Umantsev and Olson [79], and analyzed in detail for ter-
nary alloys, including capillary effects, by Kuehmann and
Voorhees (KV) [80]. The time exponent for the evolution
of hRi of the ternary alloys is predicted to be 1/3, the same
as for the binary alloys, albeit with a different rate con-
stant, KKV, from the LSW model. Similarly, the coarsening
constants for non-ideal and non-dilute alloys can be signif-
icantly different from those of dilute alloys, although the
time exponents are the same [81].

The following equations from the KV model for coars-
ening of a ternary alloy [80] are used to analyze the data
for the longer aging times in the Al–Sc–Yb and Al–Sc–
Gd alloys. These equations assume that quasi-stationary
coarsening is occurring:

hRðtÞi3 � hRðtoÞi3 ¼ KKVðt � toÞ ð3Þ

NvðtÞ�1 � NvðtoÞ�1 ¼ 4:74
KKV

/eq

ðt � toÞ ð4Þ

DCa
i ðtÞ ¼ hC

a;ff
i ðtÞi � Ca;eq

i ð1Þ ¼ ja
i;KVðtÞ

�1=3 ð5Þ

where KKV and ja
i;KV are the coarsening rate constants for

hR(t)i and DCa
i ðtÞ, respectively; hR(to)i is the average pre-

cipitate radius at the onset of quasi-stationary coarsening
at time to and Nv(to) is the precipitate number density at
the onset of quasi-stationary coarsening at time to. The
quantity DCa

i ðtÞ is the supersaturation and is the difference
between the concentration in the far-field (ff) a-matrix,
hCa;ff

i ðtÞi and the equilibrium a-matrix solute-solubility
Ca;eq

i ð1Þ. The quantity /eq represents the equilibrium vol-
ume fraction of the precipitating phase. The quantity
Ca;eq

i ð1Þ needs to be determined experimentally, as it is
not available for Al–Sc–Yb at 573 K.

After 24 h of aging for Al–Sc–Yb and 96 h of aging for
Al–Sc–Gd, Nv begins to decrease, while hR(t)i is concomi-
tantly increasing. This, combined with the negligible
increase in volume fraction beyond these aging times
(Fig. 5), indicates that the system is near to quasi-station-
ary state coarsening (@Ci

@t � 0). This concurrent growth
and coarsening is also observed in the Ni–Al–Cr system
[82–86]. Furthermore, Fig. 14 displays the product of Nv

and t vs aging time t, which should be a constant if the sys-
tem is in a stationary state. For both Al–Sc–RE alloys, this
product is increasing with aging time up to 16 days (384 h).
Thus, neither alloy has achieved a stationary state, since
the distribution of the elements within the precipitates is
changing up to 1536 h (Section 4.3), and there is still a
slight increase in / (Fig. 5). Therefore, the two alloys are
most likely in a quasi-stationary state and not a stationary
state.

4.3.1. Evolution of average precipitate radius

The time exponent for the temporal evolution of hR(t)i
(Eq. (3)), derived using a multiple linear regression-analy-
sis, is 0.18 ± 0.03 for Al–Sc–Yb and 0.22 ± 0.01 for Al–
Sc–Gd. These alloys are thus coarsening more slowly than
predicted by the KV coarsening model, while prior studies
on Al–Sc binary alloys exhibit a t1/3 dependence [5,11–
13,16–18]. The Al–Sc–Zr [21] and Al–Sc–Ti [31] alloys also
have time exponents <1/3, in the range 0.05–0.1, indicating
that Yb and Gd are not as effective at slowing the coarsen-
ing as are Zr or Ti. A practical rule of thumb is that hR(t)i
needs to increase by a factor of 10 to determine a meaning-
ful value of its temporal exponent, which is not the case for
either ternary alloy. The same rule applies for the two other
temporal exponents. The coarsening constant KKV (Eq. (3))
was also determined from the experimental data using a
multiple linear regression analysis (also taking into account
the values of to and hR(t)i). For Al–Sc–Yb, KKV is equal to
(2.87 ± 0.3) � 10�32 m3 s�1 and for Al–Sc–Gd KKV it is
(2.19 ± 0.12) � 10�32 m3 s�1.

4.3.2. Temporal evolution of the precipitate number density

Fig. 4 demonstrates that the onset of coarsening occurs
at a later time for Al–Sc–Gd than for Al–Sc–Yb, as
determined by the first decrease in Nv. After the nucleation
and growth stage, this alloy exhibits both growth and
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coarsening. The experimental time exponents for the evolu-
tion of Nv (Eq. (4)), calculated using a multiple regression
analysis, are �0.84 ± 0.05 for Al–Sc–Yb and
�0.76 ± 0.06 for Al–Sc–Gd. They thus differ from the pre-
dicted KV model value of �1 (Eq. (4)), which implies that a
stationary-coarsening state has not been achieved. While it
is assumed, based on the smaller diffusivities of the other
light RE elements (La to Sm), that Gd diffuses less rapidly
than Sc, it does not appear that, once coarsening com-
mences, it has a significant effect on decelerating the coars-
ening rate. These temporal exponents demonstrate that Yb
and Gd are not as effective at decelerating the coarsening
kinetics as Zr [21], where temporal exponents for similar
aging treatments were found to be close to zero and in
some cases positive, indicating that coarsening has not
commenced. The later onset of coarsening in Al–Sc–Gd
may be due to disparate precipitation mechanisms in the
two alloys.

4.3.3. Temporal evolution of matrix supersaturations

The equilibrium solid-solubilities of Yb and Sc in the
a-Al matrix of Al–Sc–Yb were calculated for infinite time
at 300 �C (Eq. (5)), using a multiple linear regression
analysis (Fig. 8a). For Al–Sc–Yb, the equilibrium solubil-
ities in the a-Al matrix are found to be 2.5 ± 1 at.ppm
for Yb and 2.7 ± 1 at.ppm for Sc at 300 �C. The equilib-
rium concentration of Al in the a-matrix is determined in
a similar manner to that of Yb and Sc, and is found to
be 99.9995 ± 0.0098 at.%. This validates the fitting proce-
dure, since the concentrations of the three elements sum
to 100%.

For Al–Sc–Yb, the rate constant for the supersaturation
of Yb in the a-Al matrix in Eq. (5), ja;KV

Yb , is
(3.0 ± 3.4) � 10�4 at.fr. s�3, while for the Sc supersatura-
tion the value for ja;KV

Sc is (1.5 ± 0.2) � 10�3 at.fr. s�3.
The rate constant for the Al supersaturation in the a-Al
matrix, ja;KV

Al , is (�1.8 ± 2.8) � 10�3 at.fr. s�3. The rate
constants sum to zero, which validates the fitting procedure
employed for the rate constants.

For Al–Sc–Yb, the measured temporal exponent for Yb
is �0.10 ± 0.03 and for Sc it is �0.23 ± 0.04. The values of
the temporal exponents are less than the �1/3 value pre-
dicted by the KV coarsening model [80], indicating that
the coarsening is occurring at a slower rate than predicted.
When compared with the Al–Sc–Zr system, the temporal
exponents for the supersaturation are similar [9]; the Sc
and Zr supersaturations have temporal exponents of
DYb ¼
DCYbðDCYbG00YbYb þ

4
9

jKV

DCYbK2=3
KV

DCYbðDCYbG00YbYb þ DCScG
00
YbScÞ þ DCScðDCYbG

and

ra=a0 ¼ jKVK1=3
KVðDCYbðDCYbG00YbYb þ DCScG

00
YbScÞ þ DCScðDCYbG

2V mDCYb
�0.33 and �0.11, respectively: the latter is because of the
small diffusivity of Zr in Al. In binary Al–Sc alloys, there
have been several studies which monitored the supersatura-
tion of Sc using electrical resistivity measurements; Al–
0.15% Sc in the temperature range 533–733 K [2] and Al–
0.17% Sc in the temperature range 673–723 K [16], and it
was found that DCa

Sc decays with a t�1/3 dependence. This
indicates that, similarly to the hR(t)i evolution, the coars-
ening rate diminishes compared with binary Al–Sc alloys
when Yb is added.

Applying the above procedures to Al–Sc–Gd, the equilib-
rium solubility of Sc is found to be 5.8 ± 2 at.ppm Sc
(Fig. 8b). ja;KV

Sc for Al–Sc–Gd is (1.4 ± 0.6) � 10�3 at.fr. s�3,
and the time exponent for DCa

Sc is �0.32 ± 0.02, which is
close to the KV model value [80]. The majority of the Gd
(91% at �150 ± 10 at.ppm) remains in the a-matrix and is
not dissolved in the precipitates at 1536 h. The quantity
DCa

Gd and the time exponent for the Gd supersaturation in
the a-Al matrix were not calculated because a significant
fraction of the Gd atoms remain in the a-matrix, and the
change in its concentration in the a-matrix during coarsening
is within the experimental measuring error.

The presence Gd or Yb has an effect on the Sc solubility in
the a-Al matrix. The values of the Sc solubility in a-Al for
both Al–Sc–RE alloys (10 at.ppm for Al–Sc–Yb and
5.81 at.ppm for Al–Sc–Gd) are smaller than that measured
in an Al–2.2 Mg–0.12 Sc alloy (89 ± 30 at.ppm Sc) [87],
and also smaller than measured in a binary Al–0.15 Sc alloy
(50 at.ppm Sc) [2]. A recent study of an Al–0.09 Sc–0.047Zr
alloy yielded an even higher solid-solubility of Sc,
120 ± 30 at.ppm, although the value from the calculated ter-
nary phase diagram presented in this reference is only 7
at.ppm Sc [9].

4.3.4. Interfacial free energy and diffusivity of Yb in the

matrix

The diffusivity and interfacial free energy for a binary
alloy can be calculated from coarsening data using an
approach developed by Ardell [88]. His approach has been
applied to a binary Al–0.17 Sc alloy in the range 673–723 K
[16]. The interfacial free energy has also been calculated for
an Al–0.15 Sc alloy [2]. Ardell’s approach has been
extended to a ternary alloy [87], and also to a non-dilute
ternary alloy [86].

The expression for diffusivity of Yb in this alloy at
300 �C, DYb, and the interfacial free energy ra/a0 are given
by [87]
DCScG
00
YbScÞ

00
YbSc þ DCScG

00
ScScÞ �

DCSc

DSc
ðDCYbG00YbSc þ DCScG

00
ScScÞ

ð6Þ

00
YbSc þ DCScG

00
ScScÞÞ ð7Þ
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where G00i;j are the second derivatives of the Gibbs free
energy with respect to concentration (assuming a dilute
ideal solid-solution in the essentially complete absence of
a thermodynamic database for Al–Sc–RE alloys), DCi is
(Cprecipitate�Cmatrix) of element i, and Vm is the molar vol-
ume of the Al3(Sc,Yb) phase as calculated from lattice
parameters of the Al3(Sc,Yb) phase (Vm = 1.035 �
10�5 m3 mol�1).

Eqs. (6) and (7) were used, employing the experimentally
measured coarsening constants, to calculate DYb in the ter-
nary alloy and ra/a0 between the a-Al matrix and a0-precip-
itate phases in the coarsening regime [87]. This method
assumes that the system is in the coarsening regime.
Although the coarsening time exponents vary somewhat
from the predictions of the model, there is only a slight
increase in / (Fig. 5). Therefore, the two alloys are close
to the coarsening regime, but most likely in a quasi-station-
ary state and not a stationary state. The calculated diffusiv-
ity of Yb in Al–Sc–Yb is DYb = (5 ± 4) � 10�21 m2 s�1 at
300 �C. It is known experimentally, however, that Yb pre-
cipitates out of the matrix before Sc [54,89]. The value of
DYb calculated for earlier aging times (before the majority
of the Sc forms precipitates) ranges from 10�19 to
10�18 m2 s�1, depending on the method used to calculate
DYb [89] (Table 2). During the coarsening stage, a probable
reason for the smaller value of DYb is that Yb may be
kinetically trapped in the interior of the precipitates. It is
well known that diffusion is more correlated in ordered
structures than in the disordered matrix and hence occurs
at a slower rate [90] than in the a-Al matrix.

The value of DYb calculated for the binary Al–Yb alloy,
(5.7 ± 1.9) � 10�17 m2 s�1 [89], is faster than DYb measured
for Al–Sc–Yb either during the early aging period or after
24 h of aging. In addition, beyond 24 h of aging, DYb is
smaller than the value of DSc in binary Al–Sc alloys, which
is 9 � 10�20 m2 s�1 at 300 �C [27]. Furthermore, the pres-
ence of Sc decreases the value of DYb, implying that the
off-diagonal terms of the diffusion tensor are most likely
non-zero [91].

A value of DSc is also calculated using the same proce-
dure as in Eqs. (6) and (7). The value DYb =
(5.7 ± 1.9) � 1017 m2 s�1 [89], which is the value measured
for the binary Al–Yb alloy, is put into the calculation. A
value of DSc = (4.9 ± 3.1) � 10�20 m2 s�1 is measured. This
is within an order of magnitude of the literature value for a
binary Al–Sc alloy [12,27]. The Sc is contained mostly in
Table 2
Different methods used to determine the diffusivity of Yb in Al, DYb at 300 �C

Method DYb (m2 s�1)

Coarsening data for 24 h or longer, Al–Sc–Yb (5 ± 4) � 10�

Incubation time of metastable distribution of sub-critical
nuclei, Al–Sc–Yb

(1.4 ± 1.7) �

Coarsening data between 5 and 15 min, Al–Sc–Yb (1.6 ± 0.8) �
Diffusion distance measurement, Al–Sc–Yb (3.6 ± 2.9) �
Coarsening data, Al–Yb (5.7 ± 1.9) �
the shell enveloping the precipitates and is hence not kinet-
ically trapped within the intermetallic precipitate.

The interfacial free energy ra/a0 for Al–Sc–Yb at 300 �C
is calculated to be 670 ± 150 mJ m�2. This is significantly
greater than the value calculated using a similar method
for Al–Sc alloys, where a value of �200 mJ m�2 was
obtained at 300 �C [12,92]. For Al–2.2 Mg–0.12 Sc (at.%),
ra/a0 is 158 ± 36 mJ m�2 [87], and 225 mJ m�2 for Al–
1.1 Mg–0.16 Sc at 400 �C (at.%) [93]. For the Al–Yb binary
alloy, the value for the Al/Al3Yb interface was calculated
to be 600 ± 300 mJ m�2 at 300 �C [42]. Recently, first-prin-
ciples calculations of interfacial energies (0 K) of Al/
Al3Gd(1 0 0) and Al/Al3Yb(1 0 0) interfaces were per-
formed, using the Vienna ab initio Simulation Package
[94]. The calculated values for these (1 0 0) interfaces are
339 mJ m�2 and 333 mJ m�2, respectively, which are signif-
icantly less than the experimental values calculated employ-
ing the assumption of an ideal solid-solution. It is therefore
highly likely that the assumption of an ideal solid-solution
is too strong based on the above interfacial energies calcu-
lated at 0 K using first-principles calculations. Calculation
of the temperature dependence of these interfacial energies
taking into account the vibrational entropy contribution
should decrease the 0 K values.

4.4. Creep properties

Figs. 12 and 13 show that the threshold stress (and thus
the creep resistance) initially increases with increasing hRi
for both Al–Sc–RE alloys, but decreases for larger radii.
A similar effect was observed for Al–Sc alloys [1], Al–Sc–
Zr alloys [65], Al–0.06 Sc–0.06 Ti [31] and Al–Sc–RE alloys
[54,95]. The initial increase in rth is due to the additional
elastic interactions between the coherent precipitates and
the dislocations climbing over the precipitates [43], while
the decrease for the largest precipitates is due to the
decrease in orowan stress resulting from the reduction in
Nv and increase in interprecipitate spacing.

The rth values for the Al–0.06 Sc–0.02RE and Al–0.06
Sc–0.005RE alloys are larger than in the previously stud-
ied Al–Sc or Al–Sc–X alloys with similar volume frac-
tions. For an Al–0.06 Sc alloy at 300 �C [1], the
threshold stresses are 8 and 19 MPa for hRi = 4.1 and
8.5 nm, respectively. The threshold stress for Al–0.07
Sc–0.02Zr alloy with hRi = 8.7 nm is measured to be
20 MPa [65]. Thus, larger values of / are needed in
.

Comments

21 Assuming system has reached the coarsening stage for the
Yb-rich precipitates

10�19 Using approach from Ref. [96]

10�18 Some Sc is diffusing to the precipitates during this period
10�19 Distance atoms have to travel to form a cluster
10�17 Ref. [42]



Fig. 15. Threshold stress, rth, normalized by the Orowan stress Dror for
four Al–Sc–RE (50 and 200 ppm Yb or Gd) alloys vs average precipitate
radius hRi for creep at 300 �C. Data compared with those of Al–Sc [1], Al–
Sc–Zr [65], Al–Mg–Sc [10], Al–Sc–Ti [31] and Al–0.06Sc–0.005 RE
(RE = Yb or Gd) [54] alloys.
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the RE-free alloys to attain similar threshold stresses.
Threshold stresses for the Al–0.12 Sc alloy are in the
range 14–22 MPa for hRi = 3.0–5.8 nm [1]. This alloy
has larger volume fractions, ranging from 0.46% to
0.49%, depending on the aging temperature, compared
with / = 0.28–0.33% for the present alloys. For the
Al–0.18Sc alloy with / = 0.71–0.75, the threshold stresses
are even larger [1], ranging from 17 to 32 MPa for pre-
cipitates with hRi = 1.4–9.6 nm. Fig. 15 displays the
threshold stress normalized by the Orowan stress, which
normalizes the volume fraction. The RE-containing
alloys (50 and 200 at.ppm of Yb or Gd) have signifi-
cantly higher threshold stresses than the Al–Sc alloys
not containing Yb or Gd. Therefore, 200 at.ppm of RE
leads to the same increase in threshold stress as 600–
1200 at.ppm of Sc.

The remarkable increase in rth (Figs. 12 and 13) dis-
played by the Al–Sc–RE alloys, both in the present study
and in Refs. [54,95], is probably due to the increased lattice
parameter mismatch between the a-Al matrix and the
Al3(Sc1�xREx) precipitates [35,36] compared with Al3Sc,
Al3(Sc1�xZrx) [14] or Al3(Sc1�xTix) [14]. An increased lat-
tice parameter mismatch results in an increase in elastic
interactions between lattice dislocations and the precipi-
tates that they bypass by climb, resulting in a higher value
of the normalized rth.

5. Conclusions

The kinetic pathways for the formation of nanosize pre-
cipitates in supersaturated Al–0.06 Sc–0.02Yb and Al–0.06
Sc–0.02Gd (at.%) alloys are studied at an aging
temperature of 300 �C for times up to 1536 h (64 days),
using Vickers microhardness, LEAP tomography and
TEM. The conclusions are as follows:

1. Vickers microhardness measurements demonstrate that
additions of 0.02% Yb or Gd to Al–0.06 Sc alloys sig-
nificantly increase the microhardness values of these
alloys with respect to the peak hardness of Al–0.06
Sc. The peak a0-precipitate (L12 structure) number
densities Nv of the ternary alloys are
(5.25 ± 0.55) � 1022 and (4.1 ± 0.44) � 1022 m�3 for
Al–Sc–Yb and Al–Sc–Gd, respectively, which are
greater than for Al–0.06 Sc, (9.33 ± 2.0) � 1020 m�3.
In addition, there is an increase in the volume fraction
/ of a0-precipitates, owing to the presence of the RE
elements. An Al–0.08 Sc alloy has a peak microhard-
ness equal to that of Al–Sc–Yb and slightly larger
than that of Al–Sc–Gd.

2. The ternary alloys are in a quasi-stationary state, since /
for both alloys is increasing slightly with increasing
aging time (Fig. 5). In addition, the slope of the product
of Nv and aging t vs t is slowly approaching a value of
zero at 384 h (16 day) of aging, indicating that both
alloys are not in a stationary state, but rather a quasi-
stationary state, before this time.

3. The coarsening rates of Al–Sc–Gd and Al–Sc–Yb are
decreased slightly compared with binary Al–Sc alloys,
as evidenced by the small time exponents for the evolu-
tion of hRi, Nv and DCa

i . The retarding effect of Yb and
Gd on precipitate coarsening is, however, significantly
less marked than for Zr or Ti.

4. In the Al–Sc–Yb alloy, Al3(Yb1�xScx) precipitates ini-
tially contain overall more Yb than Sc. The Sc concentra-
tion in the precipitates increases with increasing aging
time, resulting in a Yb-rich core and an enveloping Sc-rich
shell structure (Figs. 7, 9 and 10). The Yb and Sc also
inter-diffuse during aging, leading to a more uniform con-
centration throughout the precipitates. The Yb/Sc atomic
concentration ratio achieves a value of 0.25 after 96 h
(4 days) of aging, thus making Yb a good candidate for
replacing a fraction of the more expensive Sc.

5. In Al–Sc–Gd, Al3(Sc1�xGdx)(L12 structure) a0-precipi-
tates form with a small fraction of Gd (x < 0.12). The
relative interfacial Gibbsian excess of Sc at the a-Al/
Al3(Sc1�xGdx) interface and the Sc/Gd atomic concen-
tration ratio in the a0-precipitates remain constant
between 24 (1 day) and 1536 h (64 day) of aging at
300 �C. Since Gd has a smaller substitution fraction
in the a0-precipitates compared with Yb, Gd is not
as good a candidate as a ternary addition to Al–Sc
alloys as is Yb.

6. The peak-aged Al–Sc–Yb and Al–Sc–Gd alloys exhibit
creep resistance at 300 �C, much improved with respect
to RE-free Al–Sc, Al–Sc–Ti and Al–Sc–Zr alloys. This
confirms the strong effect on creep resistance of lattice
parameter mismatch between the a0-precipitates and
the a-Al matrix, which is increased by the presence of
the Yb or Gd.
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