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a b s t r a c t

Strain incompatibilities between grains in polycrystalline Cu–Al–Ni shape-memory alloys undergoing
stress-induced reversible transformation reduce their ductility and their recoverable superelastic strains
on unloading. These strain incompatibilities can be mitigated by creation of large, textured grains
through directional solidification or large, bamboo grains intersecting the free surfaces of pores. To study
these two approaches to improve superelasticity in Cu–Al–Ni alloys, polycrystalline Cu–13.5Al–4Ni
(wt.%) samples were cast in porous and dense form, with and without directional solidification. When
tested in compression, directionally-solidified, oligocrystalline bulk (non-porous) Cu–Al–Ni exhibits
recoverable unloading strains as high as 6.6% at 210 �C, as compared to 3.1% for their
conventionally-solidified counterparts. Similarly, when comparing conventionally-solidified Cu–Al–Ni
SMA with 58% open porosity shows 1.4% recoverable unloading strain at 260 �C, whereas a value of
2.6% is achieved in directionally-solidified porous samples with bamboo grains straddling pores. This
improvement in superelasticity remains present after 30 mechanical load–unload cycles at 260 �C.
Thus, both directional solidification and addition of porosity can reduce strain incompatibilities between
neighboring grains in polycrystalline Cu–Al–Ni alloys, allowing them to approach the intrinsic high
superelasticity of single crystals.

� 2015 Elsevier Ltd. All rights reserved.
1. Introduction

Porous shape-memory alloys (SMAs) exhibit a combination of
properties inherited from shape-memory alloys and porous metals,
such as the shape-memory effect and superelasticity [1,2], low
density [3], adjustable mechanical properties such as stiffness
and strength [4], high specific surface area and good damping per-
formance [5]. Thus, porous SMAs have many potential applications
for bone replacement [6], energy absorber and electrode materials
[7] and actuators [8]. Most studies have focused on porous NiTi,
because this alloy shows stable shape memory and superelasticity
in polycrystalline form, good biocompatibility and attractive
mechanical properties (strength and stiffness) [1,9–11]. NiTi is
however limited to relatively low transformation temperatures
(usually <100 �C) [4], and is costly, due to the high cost of elements
and the difficulty in casting the alloy with the required tight com-
position tolerances; the processing challenges are compounded for
porous NiTi, which is, with rare exceptions [5], produced by
powder-metallurgy [12]. By contrast, Cu-based SMAs are attractive
because of their lower material and processing costs (in part due to
their lower melting temperatures) and their higher transformation
temperature [2,13].

There are two main Cu-based binary alloy systems with SMA
capabilities: Cu–Zn and Cu–Al. Of the two, Cu–Al exhibits higher
transformation temperatures and better microstructural stability.
To prevent the decomposition of the parent phase in Cu–Al
SMAs, nickel is usually added to form ternary Cu–Al–Ni SMAs
[14]. Although the shape memory effect and mechanical properties
of Cu–Al–Ni SMAs are inferior to those of NiTi SMAs in polycrys-
talline form, monocrystalline Cu–Al–Ni SMAs exhibit excellent
superelasticity. For example, Cu–14%Al–4.2%Ni (wt.%) [001] single
crystals show fully recoverable elastic/superelastic strains as high
as 17% at 205 �C [15]. By contrast, polycrystalline Cu–Al–Ni SMAs
exhibits very low superelasticity and ductility due to transgranular
fracture caused by stress concentration at grain boundaries, espe-
cially at triple junctions [14]. Because of the high cost in producing
monocrystalline alloys, various approaches have been taken to
impart moderate ductility to polycrystalline Cu–Al–Ni SMAs. The
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most effective method is to greatly reduce grain size by adding
small amount of Ti, B and V [16,17], or to form crystallographic tex-
ture by rolling [18]. For example, Morris [19] found a maximum of
4.5% recoverable tensile strain for a CuAl12Ni4Mn4B0.04 alloy
deformed to 5% total strain at 150 �C.

Recently, Chen et al. [20] reported that Cu–Al–Ni microwires
with bamboo grain structure can show recoverable tensile strains
as high as 6.8% at 50 �C. This was attributed to the low number
of grain boundaries per unit volume and lack of triple junctions,
so that the martensitic transformation stresses can be relieved at
the free surfaces of the wire. Bertolino et al. [2] also reported that
Cu–Zn–Al foams with 60–75% porosity, fabricated by liquid metal
infiltration of a leachable bed of silica gel, exhibit up to �4%
superelastic strain recovery in compression at room temperature.
However, to the authors’ knowledge, porous SMAs with superelas-
ticity at high temperature (>200 �C) have never been reported, and
their mechanical cycle stability at high temperature is also
unknown. In this study, we fabricated bulk (dense) and porous
Cu–Al–Ni specimens with bamboo grain structure by directional
solidification, and investigated their superelasticity at high
temperature (>200 �C).
2. Materials and methods

Pure copper, aluminum and nickel (purity >99.9%) were
arc-melted to obtain parent ingots with nominal composition of
Cu–13.5Al–4Ni (wt.%). From these ingots, porous Cu–Al–Ni sam-
ples (diameter �20 mm, height �25 mm) were fabricated by liquid
metal infiltration and replication with sodium aluminate as
space-holder, a high-melting, chemically-stable, leachable oxide
[2,21]. Within an alumina crucible, �5 g of NaAlO2 particles
(355–510 lm size) were hand-packed into a loose preform over
which a Cu–Al–Ni ingot was introduced. The loaded crucible was
placed in a vertical vacuum tube furnace which was evacuated to
5 � 10�3 Pa residual pressure, heated to 1200 �C for 0.5 h so as to
melt the alloy (and lightly sinter the NaAlO2 preform), and then
pressurized with Ar gas at 1.6 atm for 2 h to allow molten Cu–
Al–Ni to infiltrate the preform of space-holder particles. After infil-
tration, some of specimens were solidified in the furnace (denoted
as FC, for furnace-cooling) which was slowly and uniformly cooled
by switching off its electrical power, while other specimens were
directionally-solidified by withdrawing the tube from the furnace
at a speed of 5 mm/min (denoted DS, for directional solidification),
resulting in Cu–Al–Ni/NaAlO2 composites. The NaAlO2 intercon-
nected phase was then removed from the composites by sonicating
in 10% HCl for 20 h. Control Cu–Al–Ni bulk samples were fabricated
by FC or DS, using the same procedures, except for the lack of
space-holder. Unless noted specifically, all specimens described
in the following were subsequently heat-treated to obtain the
shape-memory effect by homogenizing at 900 �C for 30 min. in a
tube furnace under flowing Ar and then quenching into ice water.

Polished cross-sections were observed by optical microscopy to
assess grain size and pores, the latter being further studied with a
Hitachi scanning electronic microscope (SEM) S-3400N. An Oxford
EDS instrument attached to the SEM was used to determine the
matrix composition of the porous Cu–Al–Ni alloys, calibrated with
a Cu–Al–Ni standard sample whose chemical composition had
been measured independently by wet chemical analysis.

The materials thermal properties were measured on small cut
specimens using a Perkin Elmer DSC-7 differential scanning
calorimeter (DSC) heated and cooled at a rate of 10 K/min. Phase
transformations were determined in the DSC curve from the inter-
section between the baseline and the steepest slopes of the peak.
From all ingots, cylindrical samples with 6 mm diameter and
12 mm height were cut by electro-discharge machining, and these
samples were tested in uniaxial compression in a MTS Sintech 20/G
testing system with a high temperature chamber in air, calculating
strain from the cross-head displacement, after correction of the
compliance of the testing system. All porous samples used for
compression testing had porosities of 58 ± 3%, as determined by
measurement of their volume and mass.
3. Results and discussion

3.1. Pore and grain microstructure

Fig. 1 illustrates the pore morphology of porous Cu–Al–Ni alloys
before and after removing the NaAlO2 space-holder phase. This fig-
ure shows that the molten alloy readily infiltrated the voids of the
NaAlO2 preform under the moderate gas pressure used here. To
make the compressive results of porous Cu–Al–Ni samples compa-
rable, all porous samples showed a narrow range of porosity
(58 ± 3%) which was achieved by etching the porous samples in
the same acid after the complete removal of the space-holder. It
is apparent from Fig. 1b that pore size is �300–550 lm, and these
pores are interconnected and roughly equiaxed, which is consis-
tent with the size and shape of NaAlO2 particles.

Optical micrographs of FC and DS bulk sample are shown in
Fig. 2a–b. The FC sample (Fig. 2a) exhibits coarse grains with size
of �1–1.5 mm, which are equiaxed, as determined from longitudi-
nal cross-sections. By contrast, the DS sample shows non-equiaxed
grains. In the transverse direction, the grains are polygonal with
average size �2–2.5 mm (Fig. 2b). In the longitudinal direction,
the grains are elongated along the solidification direction with
sizes reaching �6 mm. Martensite plates can be clearly observed
in all grains, indicating that the heat treatment achieved austenite
phase, and that the martensitic transformation finish temperature
(Mf) is above room temperature.

Fig. 3a–c shows optical micrographs of polished, etched
cross-sections of FC and DS porous samples. Pores are surrounded
by thin metal walls connected by thicker nodes. As for the bulk
samples, martensite plates are present in all grains. In the FC por-
ous samples (Fig. 3a), bamboo grains spanning entire wall sections
can be observed (the white coarse arrows in Fig. 3a show grain
boundaries), but multiple grains exist at the nodes (the white fine
arrows in Fig. 3a show a triple point). By contrast, the DS porous
sample shows only bamboo grains either in transverse or in longi-
tudinal cross-section, as illustrated in Fig. 3b and c, even in walls
wider than 1 mm. Moreover, fewer grain boundaries are observed
as compared to the FC porous sample, indicating coarser grain size.

In all Cu–Al–Ni porous samples, all pores are interconnected
and open to the surface because they were formed by dissolution
of the pre-sintered NaAlO2 space-holder, as also observed in Ni–
Mn–Ga magnetic shape-memory foams fabricated by a similar pro-
cess [21–23]. Because of their high porosity of �58% and the
sub-millimeter size of their space-holder, the porous Cu–Al–Ni
samples exhibit walls that are typically below �200 lm in thick-
ness, as shown in Figs. 1b and 3a–c. The Cu–Al–Ni bulk samples
have grain much larger for the DS case (�2 � 2 � 6 mm) than for
the FC case (�1 � 1 � 1 mm), as shown in Fig. 2. These grains are
also much larger than the thickness of most walls in the samples,
indicating that bamboo grains spanning the width and even the
length of the walls of the porous samples can easily be achieved
by this simple processing method. This is confirmed by the
microstructures shown in Fig. 3, where the DS foam exhibits larger
grain size (�4–5 mm) than the FC porous sample (�1–1.5 mm).
Thus, bamboo grains can be formed in the DS foam
(Fig. 3b and C), whereas some grain boundary triple points can still
be observed in the FC porous sample (Fig. 3a) although most walls
and many nodes have bamboo grain structure.



Fig. 1. SEM micrographs of cross-sections of DS foams: (a) before removal of NaAlO2 space-holder (labeled N); (b) after removal of space-holder to form pores (labeled P),
shown at higher magnification.

Fig. 2. Optical micrographs of polished and etched cross-sections of bulk samples fabricated by (a) non-directional furnace cooling (transverse cross-section); (b) directional
solidification (transverse cross-section, perpendicular to solidification direction); and (c) directional solidification (longitudinal cross-section, parallel to solidification
direction). Martensite lathes are visible within the grains.
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3.2. Phase transformation behavior

All DSC curves of heat-treated samples show one distinct
endothermic peak upon heating from ambient temperature, which
corresponds to the martensite-to-austenite transformation, and
one distinct exothermic peak on cooling which corresponds to
the austenite-to-martensite transformation. The austenite start
and finish temperature (As and Af) are listed in Table 1 and differ
significantly between bulk and porous DS samples. The Af temper-
ature for the DS and FC bulk samples in Table 1 is �200 �C, which is
closed to that of single crystal Cu–13.1Al–4.0Ni (wt.%) alloy [24].
By contrast, the Af temperature of the porous samples is �250 �C.
This shift is probably due to the reduction of constraints during
the martensitic transformation, but a shift in alloy composition
due to processing, while unlikely, cannot be ruled out. The varia-
tion in Af temperatures between bulk and porous samples necessi-
tated different testing temperatures, chosen as 10 �C above Af, i.e.
210 and 260 �C respectively.

DSC curves from the DS porous sample before and after 30
mechanical load–unload cycles are given in Fig. 4, showing that
the endothermic/exothermic peaks become sharper after strain
cycling, that As and Ms temperatures remain almost unchanged,
but that Af is reduced from �260 to �230 �C. It is apparent that
the DS porous sample shows stable martensite transformation
after mechanical cycling at high temperature.

3.3. Mechanical and superelastic properties

3.3.1. Bulk samples
A schematic stress–strain curve is given in Fig. 5a, illustrating

how various mechanical parameters were determined: Young’s
modulus E, stress-induced martensite stress rSIM, yield stress ry,
elastic unloading strain eunload, superelasticity-induced recovery
strain ese, and residual plastic strain epl. Fig. 5b shows, for the FC
bulk sample, the stress–strain curves for eight successive load–
unload compressive cycles carried out at 210 �C for increasing
total strains. The strain recovered on unloading (eunload + ese) and
the recovery ratio, defined as the ratio of this recovery strain
(eunload + ese) to the total strain (eunload + ese + epl), are listed for each
cycle within Fig. 5b; it can be seen that the sample shows almost



Fig. 3. Optical micrographs of polished and etched cross-sections of foams fabricated by (a) non-directional furnace cooling; directional solidification in transverse (b) and
longitudinal (c) cross-section. (White coarse arrows denote grain boundaries separating bamboo grains, and a white fine arrow shows a triple point.).

Table 1
Transformation temperatures for heat-treated samples (all experiments performed on
two separate samples).

Solidification Porosity Af (�C) As (�C) Ms (�C) Mf (�C)

Furnace cooled (FC) Dense 203 ± 15 19 ± 12 159 ± 5 106 ± 3
Porous 245 ± 4 167 ± 49 a a

Directionally Solidified
(DS)

Dense 178 ± 2 16 ± 1 146 ± 1 100 ± 1
Porous 263 ± 4 19 ± 5 212 ± 2 18 ± 6

a No measured peak.
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complete strain recovery for the first three cycles when the maxi-
mum applied strain is below 3%, as illustrated for the third cycle in
Fig. 5c. For that cycle, the critical stress for inducing the martensitic
transformation (rSIM) is �270 MPa, beyond which the stress
increases much more slowly with strain than in the previous elas-
tic region, as expected for deformation by stress-induced marten-
site (SIM). The total applied strain is �3.1% most of which is
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Fig. 4. DSC curves for DS foam: (a) as heat-treated sample; (b) after 30 mechanical
load–unload cycles.
recovered on unloading (recovery ratio of 98.3%). The yield stress
(ry) and austenite stiffness are 404 MPa and 21 GPa, respectively,
Fig. 5b. For subsequent cycles where the applied strain is above
3%, the recovery ratio decreases rapidly, but the recoverable strain
remains in the range 2.4–3.4 %, Fig. 5b.

Fig. 6a shows the compressive mechanical cycling curves of the
DS bulk sample tested at 210 �C. The sample exhibit better supere-
lastic performance than the FC bulk sample (Fig. 5b), and near com-
plete strain recovery when the total strain is below 6.6% (as shown
by the first six cycles in Fig. 6a); rSIM is �220 MPa, which is lower
than for the FC bulk sample (270 MPa, Fig. 5a). Furthermore, a more
distinct SIM plateau is present, similar in shape and amplitude to
superelastic NiTi shape-memory alloy (showing 8% elastic/supere-
lastic strain recovery) [15]. The highest nearly fully recoverable
strain of 6.6% (94% recovery ratio for the sixth cycle shown in
Fig. 6b) is twice that of the FC bulk sample (for the third cycle
shown in Fig. 5c) and is, to our knowledge, the highest value
reported in polycrystalline Cu-based SMAs at high temperature
(above 100 �C) [15]. The yield stress ry of the DS sample is higher
than that of the FC sample (660 vs. 404 MPa), while the austenite
stiffnesses are similar (17 vs. 21 GPa).

The first expected effect of directional solidification is the cre-
ation of crystallographic texture which may result in reduced mis-
match between neighboring grains during stress-induced
transformation and thus improved superelasticity. The second
effect is a size effect, as grains in DS samples are larger than in
the FC samples, and in fact approach the sample smallest dimen-
sions. Comparing the sample diameter and height (6 and 12 mm,
respectively) to the grain sizes of the FC and DS bulk samples (1–
1.5 and 4–5 mm, respectively), the FC samples can be considered
to be polycrystalline and the DS samples to be oligocrystalline,
which is similar to the bamboo-grained Cu–Zn–Al microwire in
Ref. [25]. All the grains of the oligocrystalline DS bulk samples
intersect the surface of the sample, whereas, for the FC bulk sam-
ples, most grains are fully surrounded by neighbors. Thus, the DS
bulk sample may also owe its improved superelasticity to the
reduction of intergranular incompatibility strains during
stress-induced transformation as most grains intersect a free
surface.
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Fig. 5. Compressive stress–strain curves of FC bulk sample during load–unload cycles: (a) schematic of stress–strain curve, showing mechanical parameters; (b) all curves
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Here, the FC bulk sample shows �3.1% complete strain recovery
at 210 �C, which is similar to the maximal recoverable tensile
strain of�3% reported in polycrystalline Cu–14Al–3Ni (wt.%) alloys
at �51 �C, but higher than the 1% value measured for this alloy at
203 �C [26]. It is generally accepted that the superelastic strain is
limited by the stress/strain mismatch between neighboring grains,
especially at triple junctions, during martensitic transformation,
which induces cracks in the samples [27]. By contrast, the DS bulk
sample exhibits 6.6% strain recovery at 210 �C, which is twice the
value for the FC sample, and is lower than, but a significant fraction
of, the 17% tensile strain reported for Cu–14Al–4.2Ni (wt.%) single
crystals at 205 �C [15], and similar to the compressive strain recov-
ery strain of �7% reported in a polycrystalline superelastic NiTi
alloy near ambient temperature [18]. Additionally, this compres-
sive 6.6% strain recovery strain is higher than tensile values of 6%
at 50 �C in oligocrystalline Cu–Zn–Al superelastic microwires
[25], and almost the same as the tensile value of 6.8% at 50 �C in
polycrystalline Cu–Al–Ni microwires [20]. It is noteworthy that
the present Cu–Al–Ni polycrystalline sample was tested at
210 �C, which is higher than other literature Cu–Al–Ni SMAs
reports, and usually causes instabilities in the transformation
behavior due to phase precipitation. In addition to superelasticity,
the stiffness of the FC bulk sample is consistent with that measured
for monocrystalline Cu–Al–Ni alloys (�17–18 GPa [15]). The onset
of stress-induced transformation, rSIM, is lower for the DS bulk
sample than for the FC samples, as expected if the stress-induced
transformation is made easier by the reduction of internal con-
straints. However, the yield stress of the DS bulk sample is higher
than that of the FC bulk sample, which may be due to a grain tex-
ture that inhibits martensite variants formation and has a greater
resolved shear stress factor [26]. A full texture analysis, which is
beyond the scope of this paper, would be needed to test this
hypothesis.

3.3.2. Porous samples
The three compressive mechanical cycling curves of the FC por-

ous samples tested at 260 �C are displayed in Fig. 7a. The porous
sample recovers completely in the first cycle (applied strain of
0.85%) but some residual plastic strain epl is accumulated already
in the second cycle (applied strain of 1.64%), which is plotted sep-
arately in Fig. 7b. The SIM stress (rSIM = 38 MPa) is difficult to
assess, because the slope of the elastic line in the austenitic phase
is almost equal to that of the SIM plateau, and it appears that some
plasticity accumulates during the stiff SIM plateau, indicating that
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some regions of the porous sample are plastically yielding. The
stiffness calculated from the curve is about 4.2 GPa. In the third
cycle (Fig. 7a), plasticity is visible as a sharply defined yield stress
(ry = �70 MPa), and only 69.5% of the total applied strain of 2.3% is
recovered.

Fig. 8a shows the compressive mechanical cycling curves at
260 �C of the DS porous samples. This porous sample exhibits com-
plete strain recovery up to the second cycle, with a total strain of
1.9%. For the third cycle with a total strain of 2.9% (Fig. 8b), the
maximum strain recovery is 2.6%, corresponding to a recovery ratio
of 89%. The DS porous sample exhibits a more defined SIM plateau
than for the FC porous sample in Fig. 7b, with a value of
rSIM = 36 MPa, as shown in Fig. 8b; a slight knee in the elastic range
at 17 MPa may indicate small amounts of plasticity, e.g. in regions
with high stress concentrations such as wall roots connecting at
nodes. Both austenite stiffness (�3 GPa) and the SIM stress for
the DS porous sample (Fig. 8b) are similar to values for the FC
one (Fig. 7b).

The FC porous sample exhibits a maximum strain recovery
strain of �1.4%, whereas the DS one shows �2.6% at the same test-
ing temperature (260 �C). Furthermore, the recovery ratio for the
DS porous sample still reaches values as high as 72% when the total
strain is 4.66%, while a similar recovery ratio is attained at a lower
strain of 2.33% in the FC one. This improvement in superelasticity
for the DS porous sample is attributed to its large grain size (4–
5 mm) as compared to the size of the walls separating the pores,
which results in a bamboo grain structure, as shown in Fig. 3b.
The strain from the martensitic transformation can thus be more
easily released at the free surfaces provided by the pores, reducing
incompatibility stresses and strains at grain boundaries. The tex-
ture introduced by DS is also likely to play a role in the improve-
ment in superelasticity. A recent study [28] demonstrated the
effect of texture introduced via DS upon reduction of incompatibil-
ity stresses between neighboring grains in ferromagnetic
shape-memory Ni–Mn–Ga foams. Preferential orientation of grains
with their h100i direction aligned (within an angle of 5–10�) along
the solidification direction of the DS Ni–Mn–Ga foam was mea-
sured, and this texture was correlated to a two-fold improvement
in magnetic-field induced strain, which is easily inhibited by
incompatibility strains between grains, as compared to an untex-
tured, furnace-cooled Ni–Mn–Ga foam. It is thus likely that texture
was created by directional solidification in the present Cu–Al–Ni
porous SMA, and contributed to their improvement in
superelasticity.

The DS porous samples with a high porosity of 58% exhibit a
2.6% complete strain recovery at high temperature (260 �C). This
result is comparable to that in Cu–Zn–Al samples with 60% poros-
ity, which show 2.3% strain recovery at 22 �C [5]. The other
mechanical properties for these Cu–Zn–Al samples
(rSIM = 10 MPa and E = 2 GPa) are also similar to those of the pre-
sent Cu–Ni–Al porous SMAs.

The load–unload cycling stability of superelastic alloys is
important for practical applications. To study the evolution of the
strain recovery in the DS porous sample, 30 load–unload cycles
were performed at a constant nominal total strain of 2.7% (corre-
sponding to a stress of �40 MPa) at 260 �C, as shown in Fig. 9a.
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Fig. 9. Mechanical cycling of DS foam performed to a constant nominal total strain
of 2.7% (corresponding to a stress of �40 MPa) at 260 �C (a) compressive stress–
strain curves for 30 cycles. The curves of cycle 13–30 are shifted to 1.5% strain to
improve readability, and because the testing for cycle 13–30 was performed after
an interruption of several hours (without temperature change); (b) Compressive
stress–strain curves for 8th and 30th cycles; (c) plot of recovery ratio vs. cycle
number.
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To improve readability, the stress–strain curves for cycles 13–30
are shifted by 1.5% on the strain axis, corresponding to an interrup-
tion of several hours, without temperature change, between cycles
12 and 13. Fig. 9a shows that some plastic deformation accumu-
lates for the first cycle of both series (cycles 1 and 13, due to ‘‘shake
down’’), but that residual plastic deformation becomes thereafter
very small (cycles 2–12 and 14–30), with recovery ratios of 98–
99% (Fig. 9c). Mechanical cycling however affects the shape of
the load–unload curves: in particular, the austenite stiffness grad-
ually increases with cycling so that the strain to achieve the max-
imum stress of 40 MPa decreases, together with the hysteresis on
unloading. This is illustrated in Fig. 9b which shows the stress–
strain curves for cycles 8 and 30. This evolution might be due to
dislocations and non-transforming martensite accumulating dur-
ing mechanical cycling [27]; plastic deformation is expected in
regions of stress concentration within the porous structure, with
the plastically deformed region becoming stabilized and unable
to transform under stress. This phenomenon also appears in dense
NiTi SMAs [27].

The near complete strain recovery upon unloading of each of
the 30 cycles (except for the first and 13th cycle) and the general
shape of the stress–strain curves in Fig. 9b indicate that repeatable
and reversible stress-induced transformation can be achieved in
these porous samples for at least (and probably well beyond)
30 cycles. This is confirmed by the DSC results in Fig. 4 showing
that, after 30 cycles, the endothermic and exothermic peaks due
to transformation appear during heating and cooling at nearly
the same temperatures as in the uncycled DS porous samples.
The transformation peaks are sharper for the cycled porous sample,
in agreement with the superelastic training effect often observed
in SMA materials, resulting from the higher mobility of marten-
site/austenite interfaces after multiple transformations [11].
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4. Conclusions

This study investigates two methods to mitigate strain incom-
patibilities between grains undergoing stress-induced transforma-
tion, which reduce ductility and superelasticity in Cu–Al–Ni
shape-memory alloys. The first approach, directional solidification,
increases the grain size, making the sample oligocrystalline so that
most grains intersect the sample surface where mismatch strains
can be more easily relieved; directional solidification may also
induce solidification texture, possibly reducing mismatch between
neighboring grains undergoing phase transformation. The other
approach introduces pores within the alloy, so that a bamboo grain
structure is achieved, which reduces intergranular mismatch dur-
ing transformation as a result of the free surfaces. Effect of these
two methods upon the compressive superelastic properties of the
alloys were tested, and the following conclusions are drawn:

� Bulk and porous directionally-solidified samples exhibit large,
elongated grains, �2 � 2 � 6 mm in size, approaching the
sample diameter, and both show higher superelastic strain
recovery as compared to control samples with smaller equiaxed
grains (�1 � 1 � 1 mm), which were furnace-cooled in a
non-directional manner.
� The directionally-solidified, bulk sample exhibits superelastic

strain recovery as high as 6.6% at 210 �C, twice the value shown
by a bulk, furnace-cooled sample. Both texture and oligocrys-
talline grain structure may contribute to this improvement.
� The directionally-solidified porous sample shows 2.6% supere-

lastic strain recovery at 260 �C, which is twice the value mea-
sured for the control furnace-cooled one. The enhancement is
assigned to the reduction of mismatch strains among grains
with bamboo structure. Also, the directionally-solidified one
shows stable, repeatable strain recovery during 30 load–unload
cycles at 260 �C.
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